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ABSTRACT
DEVELOPMENT AND CHARACTERIZATION OF ORDERED HIGHLYORIENTED, COMPOSITE LAMINATES USING SUPERCRITICAL CARBON
DIOXIDE
FEBRUARY 2003
TERRENCE C. CASKEY, B.S., U.C. SANTA BARBARA
M.S., UNIVERSITY OF MASSACHUSETTS, AMHERST
PH.D., UNIVERSITY OF MASSACHUSETTS, AMHERST
Directed by: Professor Alan J. Lesser and Professor Thomas J. McCarthy
This thesis describes the development and subsequent characterization of a series
of oriented, highly ordered laminated composite materials. These laminated composite
materials all possess order over varying length-scales from angstrom level molecular
chain orientation to macro-scale order in woven fabrics. In each case, supercritical
carbon dioxide (SC C02) is used as a unique reaction medium and processing aid
allowing for the development of structures not previously attainable with standard
techniques. The goal of this research is two-fold, the first goal involves the proof of
concept, exhibiting the ability to attain novel composite structures using unique SC CO2
chemistries and processes. The second goal of this research is aimed at developing a
iv
thorough understanding of how these unique structures and morphologies translate into
an overall mechanical response for the material.
This work will be divided into three distinct but interrelated projects. The first
project involves the development of a unique SC C02 assisted solvent welding technique.
This technique is then applied towards the fabrication of a quasi-isotropic laminate
comprised of a series of solvent-welded uniaxially-oriented linear low density
polyethylene films (LLDPE).
The second project to be addressed in this project involves the development of
fiber-reinforced composites with unique nano-scale morphologies. By polymerizing the
reactive monomer (matrix resin) around the organic fibers in the presence of SC C02 , it is
possible to also deposit reactive monomer and initiator into the fibers themselves. The
long-range order in these composites has profound effects on both the individual fiber
properties as well as the overall composite properties.
The final project of interest in this work involves the development of intercalated
silicate nano-composites with high clay content. Our interests in these materials lie with
the less studied intercalated morphology, wherein the close proximity and order in the
clay platelets can allow for cooperative interactions. The focus of this project is to
employ SC CO2 as a reaction medium and a processing aid in the in-situ intercalation of
silicate nano-composites with high clay content. Subsequent efforts in this area involve
the orientation of these structures through the fabrication process itself or through post-
reaction processing.
v
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CHAPTER 1
INTRODUCTION
1.1 Overview
This dissertation describes the synthesis, morphological characterization, and
mechanical characterization of unique structural composite materials using supercritical
carbon dioxide (SC C02) as a reaction medium and processing aid. In this research,
existing structures in polymeric materials, including polymer chain orientation,
crystallinity, long-range crystal order and ordered silicate reinforcements, are used as
templates in the fabrication of composites that exhibit long-range hierarchical order from
the nanometer scale to the centimeter scale. The relationship between the mechanical
response of these composites and their hierarchical structure is investigated in some
detail.
Watkins and McCarthyl were the first to use SC C02 as a solvent to polymerize
reactive monomer within the bulk of a swollen polymer substrate. Watkins showed that
this chemistry was facile and that the swollen polymer allowed reaction-rate limited
chemistries. Subsequent work by Kung et. al 2 supported Watkins' results indicating that
reactive monomer, and subsequently polymer, deposited only in the amorphous regions
of semi-crystalline polymer substrates. Additional work by Kung indicated that the
polymer-polymer 'composites' that resulted from this process were in fact 'kinetically
trapped' blends, with the minor phase being distributed in nanometer size domains.
These blends are termed 'kinetically trapped' due to the fact that this morphology is
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generally thermodynamically unstable, and phase separation would occur if the blend
were heated above its melting/softening temperature. Since the discovery of this
technique researchers have studied a myriad of chemistries in swollen polymers 3, 4 and
have fully characterized the scope and nature of this chemistry. This dissertation will
draw heavily from these earlier works in order to utilize SC C0 2 as a unique reaction
medium and processing aid in the fabrication of novel composite materials. The physical
properties of C02 are an important aspect of each of the composite fabrication schemes
outlined in this work and will be discussed in more detail in a subsequent section.
Chapter 2 describes the SC C02 delivery system and reaction chamber designed
and built for this research project.
Chapter 3 describes the use of SC C0 2 as a processing aid in the solvent welding
of uniaxially-oriented linear low-density polyethylene films. These uniaxially-oriented
films are subsequently arranged in a quasi-isotropic symmetric fashion in an attempt to
harness the improved strength of orientation, while suppressing the deleterious effects of
transverse weakness. The welding conditions are optimized and the composite
morphology and weld line are fully characterized. The enhanced strength of these
laminated composites is also characterized including tensile, puncture, and tear
resistance.
Chapter 4 presents the development of a novel linear constrained blister test for
the quantitative determination of adhesion in polymer films. The geometry of a
conventional constrained blister test is modified in order to limit the blister growth front
to a small arc that propagates along a straight-line path. This modification allows for
more reproducible measurements of blister growth rate and greater ease of testing. The
energetics of blister growth in this test are discussed via the thermodynamics of
irreversible processes and a two parameter theory for adhesion is presented.
Chapter 5 discusses the SC C0 2-assisted fabrication of fiber-reinforced
composites from four different organic fibers and two different amorphous thermoplastic
matrices. In this process, SC C0 2 allows for the directed deposition of resin (reactive
monomer) and initiator into the existing long-range crystal structure of the fibers. The
morphology of these composites are determined on several different length scales and the
mechanical properties are assessed using both tension and compression tests. The
micromechanics of failure are analyzed using a cyclic loading experiment and SEM
analysis of composite cross-sections.
Chapter 6 is an investigation into the use of SC C02 as both a reaction medium
and a processing aid in the synthesis of intercalated silicate nanocomposites with high
clay content. The high viscosities of silicate/reactive monomer mixtures become
prohibitive when clay content exceeds 20-25% w/w. Above this limit, homogeneous
clay/polymer composites are very difficult to produce. This work describes several
reaction schemes that allow for the fabrication of polymer/clay nanocomposites with
saturated clay content (>40% w/w clay). Subsequent post-polymerization processing
allows for the imparting of orientation and order in the silicate platelets. The morphology
and structure of these intercalated silicate nanocomposites are determined and the
mechanical properties are characterized.
The remaining two sections of this chapter will describe the relevant background
for the use of SC C0 2 in polymer chemistry and processing as well as a brief description
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of the nature of structure and orientation in polymeric materials that will be of key
importance in later chapters.
1
.2 SC C02 as a Reaction Medium and Processing Aid
The use of SC C02 in both the laboratory and in industry has been quite prolific,
and very good reviews exist3, 5. The benefits of sc^ a§ an organophiHc solvem were
recognized over thirty years ago by researchers developing extraction techniques for
organic molecules. However, it was not until the late 1980's that SC C0 2 was recognized
for its usefulness in the development and processing of polymeric materials.
1 .2. 1 Polymer / C02 Interactions
Carbon dioxide exhibits a critical point above which it is neither liquid nor a gas, but
exists as an intermediate phase6
. The most significant properties of SC C02 are its
tunable density and gas-like transport properties. Because the density of C02 varies
significantly around its critical point (Tc= 31.1°C, Pc= 72.8 atm, pc= 0.468g/ml) its
density, and subsequently its solvent strength, can be tuned by subtle changes in pressure
and temperature.
4
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Figure 1-1 Density-Pressure isotherms for carbon dioxide.
This ability to control solvent strength is unique to supercritical fluids. The diffusivities
of SC C02 are seen to be several orders of magnitude above that of conventional liquid
solvents (10
3
vs. 1(T
5
cm
2
/s for conventional liquids). SC C02 also has zero surface
tension, ' that allows it to wet even very low energy surfaces.
SC C0 2 can easily achieve densities in the range 0.8-0.9 g/ml, comparable to that
of standard hydrocarbon solvents (Figure 1-1). In fact, the displacement of hydrocarbon
solvents in commercial processes has been an active field of research, fueled by
environmental concerns about conventional solvents and the relatively 'green' nature of
SC C0 2 . The organophilic nature of SC C02 means that it acts as an excellent solvent for
many small organic molecules^' 9 However, with the exception of some amorphous
fluoropolymers and silicones, SC C02 has proven to be a very poor solvent for polymers
Although SC C0 2 is a poor solvent for polymers, it does swell most polymers
quite efficientlylO. L,ke any other swelling agent, this leads to significant increases in
free volume and mobility of polymer chains. Th,s increase in chain mobility manifests
itself as a drop in glass transition temperature, which can be as much as 100 °C in glassy
polymers* 1, 12. There are two factQrs that maRe sc^ ^^ plastidzmg
agents; the first is its wide applicability, in fact there are very few polymers that cannot
be plasticized with C0 2 . The second important factor is SC C02 's rapid and complete
removal from most polymers by simple depressurization. This can be compared to most
conventional plasticizing agents which can quite often never be completely removed 1^
14
.
It is this combination of organic solvent properties and plasticizing effects of SC CO;
that have opened the door to an entirely new field of SC C0 2 assisted polymeric material
fabrication.
The application of SC C02 in polymer science can be broken into two generic
categories: polymer processing and polymer chemistry. Although these two areas can be
exploited simultaneously, it is useful to treat them separately. SC C02-assisted polymer
processing generally takes advantage of decreased viscosities and increased mobilities of
polymers, either in the solid state or the melt state, to achieve unique results through a
myriad of processing techniques from extrusion to fiber drawing. As a reaction medium,
SC C02 could be described as a standard organic solvent with many of the attributes
thereof. The major advantage of SC C02 in polymer chemistry is its ability to carry
reactive monomer and initiator into the bulk of an existing polymer substrate and, in
some cases, promote the partitioning of those reactants in a controlled manner. This
ability to control the partitioning of reactants in a swollen polymer stems from the fact
that SC C0 2 tends to permeate only the amorphous regions of semi-crystalline polymers,
shying away from the denser crystal structures. These reactants can then be thermally
initiated to polymerize within the existing polymer substrate.
1.2.2 SC C02-Assisted Polymer Processing
Although a polymer's chemical structure will dictate much of its eventual
physical and mechanical properties, its morphology also plays a very important role.
Properties such as orientation, crystallinity, crystal structure, etc., are all effected by
processing conditions 15
.
The increased chain mobility and decreased viscosity of
polymers swollen in SC C0 2 has been used in several research groups interested in the
processing of polymers.
A number of researchers 16 ' 17 are exploring the use of SC C02 in the melt
processing of polymers, including injection molding and extrusion. Lee et al. have
recently studied the melt extrusion of polyethylene (PE)/ polystyrene (PS) blends in the
presence of SC C02 18 . He points out that Taylor's formula 19 qualitatively describes the
relationship between the size of the minor phase and the viscosity ratio of the blend
components. This indicates that a reduction in viscosity could have a profound effect on
the resulting domain sizes in the extruded blend. Lee reports a significant drop in the
viscosity of the PE/PS/C0 2 system vs. the PE/PS system and an order of magnitude drop
in domain size of the minor constituent PS.
Melt extrusion is only one way researchers have attempted to exploit SC C02 as a
processing aid. Lesser et al. 20 have performed fiber drawing experiments in the
presence of SC C02 . In this work they indicate that the increased chain mobility, even
below the melt temperature, allows for significantly higher draw ratios. Due to the
enhanced onentat.on in these SC C0 2-drawn fibers, they exhibit increased moduli and
ultimate strength. Further studies indicate that due to the high hydrostatic forces actin*
on the crystal structure in SC C02 swollen fibers, some of these fibers can actually be
drawn at temperatures very close to their ambient melting temperatures21
.
These are just a few examples of how SC C02 , as just a processing medium, has
been harnessed to improve polymer materials design and application. The utility of SC
C0 2 can be further expanded by incorporating it as a reaction medium as well as a
processing aid.
1.2.3 Chemistry in SC C02 Swollen Polymers
In the early 1990's Watkins and McCarthy 1 introduced a new technique for the
synthesis of polymer-polymer blends. This work represents the first attempt to use SC
C02 in the bulk modification of a polymer substrate. Watkins took advantage of the
properties of SC C02 swollen polymers using the a basic reaction scheme as follows:
Figure 1-2 Schematic of SC C0 2 reaction scheme 1 .
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A solid polymer substrate is exposed to a SC C02 solution of vinyl monomer (M) and
free rad,cal initiator (I) during a "soaking" period under conditions at which the half-life
of the initiator is on the order of hundreds of hours. The C0 2 permeates/swells the
polymer substrate, and the dissolved monomer and initiator partition themselves between
the C02 and the swollen substrate. The polymerization is then thermally induced by an
increase in temperature. During the polymerization, there is a thermodynamic driving
force for the re-partitioning of monomer between the SC C02 phase and the swollen
polymer. This re-partitioning allows for levels of substrate modification far exceeding
equilibrium solubility. After the polymerization the C02 is vented, yielding the
polymer/polymer 'composite'. Watkins refers to the chemically heterogeneous products
of unknown morphology as 'composites'. It has since been shown that materials
synthesized in this manner are generally 'kinetically trapped' blends.
There are several crucial aspects of this chemistry that should be addressed. First,
it was noted that this chemistry is generally reaction rate limited, not diffusion rate
limited. This result is indicative of the large free volumes and high diffusivities of C0 2
and reagents within the substrates. Second, it is a concern as to whether or not the C02
itself will be reactive under the polymerization conditions. Although C02 is known to be
reactive toward nucleophiles and strong bases, it is generally unreactive towards free
radicals. This is born out by Watkins' studies, showing no C0 2 incorporation in the
synthesized polymer by infrared spectroscopy. Lastly, evidence was presented that when
this technique is applied to a semi-crystalline polymer, deposition of polymer occurs
solely in the amorphous domains, with no deposition occurring in the denser crystal
9
structure. Thus is cons,stent with permeability studies that ind,cate gas permeation in
polymer membranes occurs exclusively in the amorphous regions.
Although Watkins performed some cursory mechanical testing of the previously
described 'kinetically trapped' blends, it was not until the work of Kung et al. that a full
evaluation of the mechanical properties was performed22
. Kung's work focused
primarily on the characterization of morphology and the resulting mechanical properties
of polystyrene (PS)/ high-density polyethylene (HDPE) blends. The basic reaction
scheme employed in this work was identical to that presented by Watkins.
The morphologies described by Kung for the PS/HDPE blends are very similar to
the co-continuous structures described by Watkins for a PS/PCTFE system. With the use
of preferential etching techniques, Kung was able to verify Watkins' assertion that
synthesized polymer deposits only in the amorphous regions of the semi-crystalline
polymers.
In addition, Kung showed that polymer synthesized within the bulk substrate had
significantly higher molecular weight than that polymerized in solution. This is explained
as a result of decreased polymer chain mobility in the bulk, leading to a lowering of chain
termination rates. Kung points out that the mechanical properties of conventional
PS/HDPE blends are very poor due to gross phase separation of the immiscible polymers
during melt processing2^. in contrast to conventionally blended PS/HDPE, those
fabricated in SC CO2 exhibit a continual increase in modulus and ultimate strength with
increasing weight fractions of incorporated PS (Figure 1-3).
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Figure 1-3 Voigt-Reuss comparison for PS/HDPE blend modulus
data22.
This was in fact a predictable result and was found to closely follow a Voigt model for
polymer blend properties. The Voigt model is generally related to co-continuous blend
morphologies which is consistent with Kung's morphological observations. This increase
in stiffness is reported to be accompanied by an increase in brittleness and a decrease in
fracture toughness. In fact, these results would be anticipated as a result of incorporating
a stiff, brittle material into a soft, ductile matrix. Given these results, Kung describes the
morphology of PS as a "stiff, reinforcing scaffold throughout the spherulites that
strengthens the entire structure".
In the concluding remarks of Kung's thesis, he states that, "... a finer
morphology between the polystyrene and the amorphous polyethylene may exist and may
be elucidated with transmission electron microscopy....". Subsequent work by Cao et al.
in poly (4-methyl-l-pentene)/norbornene systems has indicated that this 'finer
morphology' does in fact exist on the nanometer length scale.
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Cao et al. advanced the scope of SC C02/substrate chemistry further by explonng
the feasibility of transition metal catalyzed reactions in SC C0 2 swollen polymers 4 The
system chosen for study in this research involved the transition metal catalyzed
metathesis polymerization of norbornene inside of a poly(4-methyl-l-pentene) (PMP)
substrate. PMP was chosen for its high crystallinity (70%) and large C02 mass uptake.
The reaction scheme was slightly modified from that laid out by Watkins due to the
insolubility of the Grubbs metathesis catalyst in SC C02 .
Figure 1-4 TEM micrograph of PMP/PN blend illustrating a
4
templating effect by crystalline lamellae .
The results of TEM analysis indicated that the deposition of PN within the PMP was
templated by the existing crystal structure. Because of the selective deposition between
amorphous and crystalline regions discussed earlier, any ordered structure apparent in the
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crystals will translate into ordered structure in the deposited polymer (Figure 1-4).
Although the PMP used ,n these experiments is isotropic overall, the high crystallinity
(75%) does provide for some order on a very localized scale.
In the current race to realize nano-technology, the existence of this nano-scale
structure in these materials is very important. Although it had been previously shown
that nano-scale structures could be preferentially produced in SC C0 2 24 this was the
first time that a simple homopolymer's own existing structure was used to do so. This
templating effect is also very important in that it is a reminder that as attempts are made
to improve upon the physical and mechanical properties of polymers, pre-existing
structure should not be ignored. This structure may be crystalline lamellae, molecular
chain orientation, or even reinforcing additives. The most efficient manner of improving
these materials is to build from this existing architecture, and not in spite of it.
1.3 Orientation and Order in Polymeric Materials
Polymeric materials can exhibit orientation and order over a wide range of length
scales. The anisotropy in these materials is usually associated with polymer chain
orientation, crystallinity, long-range crystal order, or fillers. It is in fact these structural
components, and combinations thereof, that give engineering polymers their great
strength and tenacity. The basic goal of this research is to employ SC C0 2 as a unique
reaction medium and processing aid in order to build on this existing structure within
polymers and achieve structurally superior laminated composite materials.
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1.3.1 Orientation and Order in Polymer Films
One of the easiest ways of ,mproving the mechanical performance of a polymenc
material is by imparting chain orientation and crystal order (in the case of semi-
crystalline polymers). This can be achieved by simply drawing the polymer either at
room temperature (cold drawing) or at elevated temperatures. If a thin polymer film,
such as linear low-density polyethylene (LLDPE), is drawn in a uniaxial direction, the
modulus, ultimate strength, tear resistance, and puncture resistance are all increased in the
draw direction25 (Figure 1-5).
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Figure 1-5 Tensile tests exhibiting the differences between
uniaxially oriented LLDPE films tested along their orientation
direction and transverse to it.
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It is true, however, that all of these properties are simultaneously reduced in the
transverse direction. This is generic to all polymer systems and is a direct result of the
fact that polymer chains are anisotropic in nature, possessing significant strength along
the chain backbone, but with almost no rigidity in the transverse direction. As these
chains are aligned along a central axis, the strength along that axis is increased at the
expense of the transverse direction. Biaxial orientation is one method of improving upon
this problem for polymer films and has led to some degree of success, however, the
increased material properties are not as significant26
.
The phenomenal mechanical properties extracted from such organic polymer
fibers as Spectra and Kevlar are also a direct result of orientation and order brought on by
drawing 27
>
28
.
In these systems thin polymer filaments are taken to much higher draw
ratios than are achievable in bulk polymer films. After drawing, these filaments exhibit
almost complete chain orientation and can possess crystallinities on the order of 90-
100%. In addition to the molecular chain orientation in these systems, the crystalline
lamellae also exhibit long-range order, which can be characterized by the fiber long-
spacing (the distance from the center of one crystalline lamellae to the center of the next
along the fiber axis2^). However, as previously mentioned, these uniaxial increases in
strength are countered by very large decreases in mechanical strength in the transverse
direction. Although polymer fibers are not generally directly loaded in the transverse
direction, this weakness does manifest itself in the relatively weak compressive strength
of these organic fibers-^. When these fibers are loaded in compression there is only
weak Van der Waals' or hydrogen bonding between polymer chains to keep them from
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splaying apart. S,gnif,cant attempts have been made m both fibers and films to mediate
the decrease in transverse strength while retaining mechanical improvements in the draw
direction, however, no comprehensive solution is available.
1.3.2 Inorganic Fillers in Polymeric Materials
Polymer chains and crystals are both naturally occurring elements within
polymeric materials that can be manipulated for the improvement of physical and
mechanical properties. Another way of improving upon the properties of a polymer is by
the incorporation of additives and fillers. The most common additives for improving
stiffness and strength are inorganic fillers. Inorganic fillers are used due to their very
high moduli (100-1000 times that of polymers) and their cost efficiency31
. A very
important class of inorganic polymer fillers, which are getting a lot of attention currently,
are nano-clays.
A common nano-scale filler with wide-spread usage is surface modified
aluminosilicate clays, such as montmorillonite. Montmorillonite is a naturally occurring
aluminosilicate with the general structure, Na+0 86(Mg0 gf^b^Sig oOzo^)" . These clays
exist as platelets, approximately lnm thick and 250 nm long. Montmorillonite platelets
possess a net negative charge due to defects in the crystal structure. The resulting charge
is neutralized by adsorption of sodium and calcium cations. The high aspect ratio
platelets tend to stack, creating 'galleries' between the platelets that are filled with the
sodium and calcium ions. A common technique used to increase the effectiveness of
these clays as fillers involves an ion exchange of the calcium and sodium ions with
cationic surfactants. By substituting the sodium and calcium ions with cationic
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surfactants these gallenes increase in size and are rendered organophilic. For example, a
C 12H25NH3C1 surfactant results in a d-spacing of 14 A. Adding six methylene groups, as
in Ci 8H37NH3Cl, results in a d-spacing of 18 A 32 (Figuer 1-6).
igure 1-6 Aggregation models for alkyl chains of various lengths between
aluminosilicate platelets. Open circles represent CH2 units, closed circles
represents cationic head groups.
Given this length-scale of the galleries, it becomes possible for the galleries to
accommodate polymer chains. If the individual platelets in the resulting composite
material are delaminated and homogeneously spread throughout the polymer, it is termed
exfoliation. If the registry between the platelets is retained, the composite is termed
intercalated (Figure 1-7).
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Figure 1-7 Composite morphologies including conventional,
intercalated and exfoliated composite morphologies.
The majority of research in this field has focused on the exfoliated structure. Due
to the very high surface areas associated with these clays (700m2/g), it is possible to
achieve the exfoliated structure with very low clay content, usually less than 10%.
Researchers have reported exfoliated polymer composite materials with improved barrier
properties 33
,
better heat stability 34 ' 35 > 36, and enhanced viscoelastic behavior 37
. For
glassy or semi-crystalline polymers, however, increased stiffness usually leads to
decreased toughness and strength. This inability of exfoliated platelets to induce
toughening can be attributed to the fact that conventional toughening mechanisms require
filler particles of at least 0.1 micron 3 $.
Our interests lie with the less studied intercalated clay nano-composites, wherein
their ordered geometrical structures may provide for toughening mechanisms not
available to the exfoliated structure. The intercalated structure is thought to be comprised
of one or two polymer chains which have entered the silicate galleries, increasing the d-
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spacing correspondingly. Because the platelets remain in close proximity to one another,
they are able to interact in the presence of an applied stress field. Work by Kachanoy39
and others indicate that the cooperative interaction of high aspect ratio clay platelets in
close proximity could lead to an overall lowering of stress intensity factors, thereby
allowing for toughening of the overall material. To test this hypothesis would require the
fabrication of intercalated silicate nanocomposites with saturated clay contents, such that
platelets would be in close proximity throughout the bulk of the material. The work
discussed in chapter 6 of this thesis will deal with the fabrication of such highly filled
composites.
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CHAPTER 2
FACILITY DESIGN
2.1 Introduction
The use of SC C02 as a reaction medium has been facilitated for many years by
small, hexagonal, high pressure reaction vessels with inner diameters from 0.635cm (V4
in.) to 2.54cm (lin.). A good example of this type of design is described in Watkins'
thesis work from 1997 1 Although these vessels are proficient for use in the chemical
modification of small bulk samples (0.635cm x 7.62 cm), they do not possess the
versatility or the scale to allow for the types of complex composite synthesis outlined in
this work. Therefore, a new reactor was designed to accommodate the special needs of
bench-scale composite fabrication in SC C02 .
2.2 General
All components, including the reactor itself, are 316 stainless steel. Either high-
pressure fittings (coned and threaded) or NPT (national pipe thread) are used for all
couplings in the design. High-pressure fittings, tubing, valves, etc. were obtained from
High-Pressure Equipment Inc.
The following specifications are crucial considerations for the reactor design.
First, the sample chamber should be large enough to accommodate samples of standard
mechanical testing geometries including dog-bones, flexural beams, and center-notched
mode I specimens to name a few. In addition, the fabrication of multi-layer laminated
composite materials often hinges on attaining intimate contact between plies. To
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accommodate this, the vessel should be capable of applying a norma, force to the sample
specimens, while in the presence of high pressure C02 . The expected operating range for
this system is 0-27.5MPa (0-4000psi) of pressure and 24-200 °C. It is also imperative
that there be accurate control of all processing variables, such as pressure (static and
dynamic), temperature and applied force. Finally, the entire system should ha
degree of versatility, as several novel fabrication schemes will be canned out using this
one design.
2.3 Variable Volume Reaction Chamber
The basic reactor design is modeled after reaction injection molding (RIM) and
resin transfer molding (RTM) designs^, 41, 42 (Flgure 2 -\). There are three main
components to the reactor itself, the base, center ring, and upper piston( Figure 2-1).
When the center ring is affixed to the base, a double O-ring system allows for a gas-tight
seal. With the center ring fixed to the base, a sample chamber is created which features a
four-inch diameter specimen cavity with 3.81cm (1.5-in) thick walls.
21
Figure 2-1 Large variable-volume high-pressure chamber.
The upper portion of the chamber is designed as a piston with two O-ring seats '/a"
from the base. The upper piston slides into the specimen cavity providing a high-pressure
seal and allows for a variation in internal head-space of up to 2.54 cm. The upper portion
of the chamber has four through-holes with standard female high-pressure fittings on the
upper surface. These through-holes can be utilized or plugged, depending on the
experiment. Once placed inside of a 40 klb hydraulic press, the hydraulic ram of the press
serves to hold the chamber closed after pressurization and, because of the piston design,
can allow for the upper portion to compress the samples within the specimen cavity
(Figure 2-2). The C02 delivery system is designed to supply C0 2 to one or more of the
through-holes in the chamber and will be discussed in more detail in the following
section. The chamber has been designed with a three-fold safety factor and can be safely
operated up to 27.5 MPa (4000psi).
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Figure 2-2 Supercritical C02 reaction/ processing facility.
2.4 Basic Experimental Design
As mentioned previously, this fabrication facility is designed to accommodate a
great deal of versatility. The most basic experimental design allows for a sample to be
immersed in C0 2 with an accurate control over the temperature, pressure, and applied
load. The details of this basic facility will be discussed first; the expanded facility and its
advantages will then be discussed in some detail.
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Figure 2-3 Schematic diagram of simplest experimental setup
for SC C02-assisted fabrication.
A schematic diagram of the basic facility is illustrated in figure 2-3. This facility design
allows only for the treatment of bulk samples with C02 and cannot accommodate reactive
chemicals. In this design, a sample is placed inside the variable volume reaction
chamber; the chamber is closed up and then placed inside of the 40 klb press. In this
setup only two of the through-holes are utilized, one for the C02 inlet/outlet and one for a
Type K thermocouple, the other two through holes are plugged. A constant supply of
C02 pressure is provided by either a 30 kpsi Hydro-Pac pump or a 10 kpsi Thar Designs
pump. This pressure is generally held constant at approximately 27.5 MPa (4000psi).
From the pump the C02 travels through two 2.54cm x 30.5cm (lin x 12in) ballast tanks,
one of which contains carbon black for filtering particulates and organic matter form the
C02 . The C02 then enters a Tescom ER3000 electronic pressure regulator that controls
the actual C02 pressure within the sample chamber. A computer monitors the pressure in
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the sample chamber real-time via an electronic pressure transducer, and then relays this
informal to the ER3000 winch, in turn, adjusts the pressure according to the prescribed
pressure profile. For purposes of safety, a rupture disk is built into the system between the
ER3000 and the sample chamber with a rupture pressure of 38 MPa (5500psi). This
setup allows for accurate pressure control within 0.07 MPa (lOpsi) and also
accommodates controlled depressurization schedules. The pressure control in this system
is dynamic in nature, meaning that C02 is constantly being added and released (via an
outlet valve on the ER3000) from the sample chamber. This constant flushing of the
system precludes the use of reactive chemicals in this setup, as they would be extracted
from the chamber very rapidly.
Heating is provided by both the press itself (platent heating) and via an 1 100W
band heater bolted around the center ring of the sample chamber. The band heater is
controlled with an electronic temperature controller that measures internal temperature
real time via the Type K thermocouple penetrating one of the through holes. The press is
set at a temperature 20-30 °C below the actual experimental temperature allowing for a
background temperature while the heating band accommodates the fine temperature
control. With this design reproducible temperature control is maintained within 1 °C.
2.5 Expanded Experimental Design
In order to allow for more complex fabrication schemes, including the
incorporation of reactive chemistries, it is necessary to augment the basic experimental
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design with several additions and modifications. The expanded design can be seen in
schematic form in figure 2-4. In this design the core aspects of the basic design are
intact, including the C0 2 pump, electronic pressure regulator (ER3000), and temperature
controller. The first addition of note is an outlet line from one of the two unused through
holes
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Figure 2-4 Schematic diagram of expanded experimental setup
for advanced processing applications.
This outlet line is fitted with a back-pressure regulator such that C02 can flow
through the sample chamber while supporting a constant pressure within the chamber.
This C0 2 flow allows for the controlled extraction of excess and/or unreacted monomer.
Extracted reagents are captured in a solvent trap that allows for volumetric monitoring of
extracted agents. Another addition to the basic design is the strategic placement of six
manual valves that allow different zones of the system to be closed off at different
periods throughout the fabrication process. This isolation is necessary in order to carry
out chemical reactions within the chamber. For additional versatility in fabrication
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design a monomer reservoir is fixed in parallel with the main C02 inlet line. This
reservo,r allows for the inject.on of react.ve monomer or other reagents into the sample
chamber at a specified time during the fabrication process.
The versatility built into this expanded design allows us to explore a w,de variety
of synthetic schemes utilizing the same basic system. Details of these reaction schemes
will be discussed further in subsequent chapters.
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CHAPTER 3
SOLVENT WELDING OF LLDPE FILMS
3.1 Introduction
Polyolefins are the most widely used class of polymers in the world today. They
are popular because they have useful physical and mechanical properties and are
inexpensive. Since their introduction into the marketplace many attempts have been
made to improve upon the physical and mechanical properties of these matenals. Perhaps
the most widely utilized and practical technique for this purpose is orientation. It is well
known that upon drawing, the modulus, ultimate strength, tear resistance and puncture
resistance of polymeric materials are all increased in the draw direction. Unfortunately
all of these properties are simultaneously reduced in the transverse direction 25
. Biaxial
orientation has led to some degree of success, however, the increased material properties
are not as significant 26 > 43 > 44
. It therefore remains, that in order to more completely
exploit the benefits of orientation, other methods must be employed to suppress the
undesirable decrease in material properties in the transverse direction. One way to
accomplish this is to fabricate a quasi-isotropic laminate of uni-directionally oriented
films. This research describes the fabrication and properties of such laminates by
employing a novel SC CO2 solvent welding technique. In this work we will take
advantage of the plasticizing effects of SC CO2 to increase free volume in the oriented
films and induce diffusion of polymer chains across an interface.
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Perhaps the oldest and most effective procedure for welding polymers involves
melt pressing. In this procedure two polymer substrates are first taken above the melt
temperature for sem.-crystalline polymers or above the glass transition temperature for
amorphous polymers. The substrates are then placed m contact with some initial normal
force to produce intimate contact and allowed to interdiffuse. Many researchers have
extended this simple idea to more elaborate schemes. Porter et al. 45 havc takcn this
simple concept and created single polymer composites (composites which are composed
of a single type of polymer). By exploiting the difference in melting temperature
between ultra-high molecular weight high-density polyethylene (UHMWPE) fibers
(approx. 139°C) and conventional HDPE (ca. L32°C) or low density polyethylene (LDPE)
(approx. 1 10WC), Porter et al. were able to embed the UHMWPE fibers into either a
HDPE or LDPE matrix with some relaxation of the fibers. Due to the extremely high
degree of orientation in the fibers, they retained a great deal of strength even after
relaxation. Similarly, Tielking et al. 46 ' 47 created non-woven fabrics by extruding
polymer filaments directly onto a thin polymer film carrier. In both instances the
adhesion is due to polymer interdiffusion while in the melt as well as epitaxial
transcrystallization. Although this is a very useful and flexible technique, it is always
necessary to melt or soften the polymers to the point of flow. Hence, it is normally very
difficult to retain any morphology that is in the polymer substrate prior to welding.
Another technique that is widely employed towards polymer-polymer adhesion is
solvent welding. In this technique a solvent or softening agent is applied to the surface of
the polymers and the two surfaces are brought together with an applied force. The
adhesion, in this case, is due to diffusion of the solvated/softened material at the interface
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of the two polymers. Yue et. iL« present a review of the structure and strength of
solvent welded joints. Yue notes that even after elaborate drying procedures and very
long drying times (days to weeks), some solvent always remains in the polymer. This
solvent remains in the vicinity of the bond and has a deleterious effect on the strength of
the material at that point. Yue found that the bond strength was directly related to the
size of this 'solvent affected region'. More recently, Beaume et al. '4 have studied the
solvent welding of polyamidc- 1 1
.
They, too, found that the strength of the bond was
affected by this 'solvent affected region' and that since the solvent could never be fully
removed, bulk material strength could not be attained. It is also notable that these
techniques, although applicable to amorphous polymers, have had little or no success
with semi-crystalline polymers.
As mentioned in the introductory chapter, supercritical carbon dioxide (SC C02)
has received much attention in the scientific community over the last decade due to its
unique solvent properties. The scope of the field is very well described in a recent review
paper by Cooper 3
.
Although supercritical C02 is a non-solvent for most polymers, it
plasticizes most polymers very efficiently. This increase in free volume leads to a
decrease in viscosity and, hence, an increase in chain mobility 17 ' 48 > 49
. Hobbs et. al. 20
have exploited this effect in the drawing of fibers, attaining higher draw ratios than those
attainable under ambient conditions. It is important to remember that the carbon dioxide
permeates the amorphous regions only, leaving the crystal structure undisturbed, thus
allowing semi-crystalline polymers to retain their dimensional integrity during and after
the process-^. Because the C02 reverts to a gas under ambient conditions, the solvent is
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easily and completely removed alter treatment. This allows SC C02 to act as a reversible
plasticizing agent.
In this work we investigate a novel approach to the promotion of adhesion
between uniaxially-oriented linear low-density polyethylene films through a SC C02
solvent-welding technique. The weld.ng technique is optimized as a function of welding
temperature and the technique is then used to fabricate quasi-isotropic laminated films.
The mechanical properties of these multi-layer films are studied in some detail and
compared to the properties of single oriented LLDPE films. Additional efforts are then
focused on attempts to identify the mechanisms of adhesion as well as some cursory
investigations into the dielectric properties of the laminated films.
3.2 Experimental
3.2.1 Sample Preparation
LLDPE (30% crystalline by Differential Scanning Calorimetry, DSC) was
supplied by Exxon in the form of a 76 urn thick film. These are metallocene films with a
Mw ol I 18,400 and a Polydispersity Index (PDI) ol 2.79 1 he film originally has a I
minimal Hermans' orientation function value in the machine direction. The as-received
film was oriented further by subsequent drawing at either 127 mm/min or 380 mm/min to
a draw ratio of either two or five respectively. The Hermans" orientation function value
after drawing was determined by birefringence and WAXS.
All samples were welded in the reaction chamber described in chapter 2. After
the films were drawn in an Instron to impart orientation, circular sections (9 cm in
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d,ameter) were cut out of the original sheets for processing. A specified number of
oriented films were then placed into the reaction vessel, one atop the other, with there
orientation directions staggered in an appropriate fashion (to be specified) (Figure 3-1).
Uniform contact was difficult to achieve with the thin films, therefore, a thin circular
section (9 cm x 0.3cm) of silicone rubber was placed atop the films to evenly distribute
applied loads and ensure intimate film/film surface contact. A small hole was cut in the
silicone rubber at the inlet site to allow for easy C0 2 flow through the rubber.
Silicone
Rubber
Drawn
LLDPE
Figure 3-1 Schematic diagram illustrating procedure for solvent
welding of drawn LLDPE films. (Arrows indicate direction of
principle orientation for films.)
The upper portion of the reaction vessel was then placed atop the sample chamber
and, unless otherwise specified, all laminated films were processed with an initial applied
normal force of 90 kN (20,0001bs). SC C0 2 was then introduced at a pressure of
10.3Mpa ( 1 500psi). The temperature was ramped from 23 °C to the "welding
temperature" (between 85 °C and 105 °C) over a period of lh. The temperature was held
constant at the specified "welding temperature" for 5 minutes, then allowed to slowly
cool to 23°C overnight while depressurizing at a very slow rate (1.5psi/min). Rapid
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depressurizarion lead to debonding a. the iaminate interfaces. Although welding time is ,
crucial variable for the determination of kinetics in this process, no systematic time
dependent experiments were undertaken.
Adhesion measurements were made using a T-Peel Test geometry on an Instron
model 1 123 with a 100 N load cell. Test specimens were 2.54 cm wide and the test rate
was 5 mm/min. Puncture resistance was measured on an Instron Dynatup Impact test
machine fitted with a 6.3mm tup. The ,mpact zone for the puncture tests was a 3.8mm
diameter circular region. Crystallinity was determined via DSC using 5mg samples at a
heating rate of 10 °C/min. Birefringence measurements were made on an Olympus
polarizing microscope equipped with a 1-20X Berek compensator. Wide angle X-ray
scattering (WAXS) was measured on a GADDS instrument. Hermans' Orientation
Function Values were calculated for the birefringence data as follows:
An
f =
An0 (D
where An is the measured birefringence and An0 is the theoretical maximum
birefringence for the material. The Hermans' Orientation function for the WAXS was
calculated by:
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r 3<Cos 2(/>>-\
1
2 (2)
where <eos2«» is the average angle that the chains make with the director, wh,ch is the
average direction of orientation of the chains. The Hermans' Orientation Function has
values from
-1/2 to 1, 1 being perfectly oriented, 0 being without onentation, and -1/2
being orientation perpendicular to the director.
For the studies conducted herein, 8-ply quasi-isotropic laminated films were
welded in a (0°,45o,90o,-45o)2S lay-up sequence. This configuration produces a symmetric
quasi-isotropic laminated film.
3.3 Optimization of Welding Conditions
3.3.1 Control Experiments
In order to identify appropriate solvent welding conditions, preliminary studies
were conducted to characterize the effect of SC C02 immersion time on film morphology
(orientation and crystallinity). Highly oriented single films (DR=2 or DR=5) were placed
in SC C02 at elevated temperatures for l.5h and the total orientation measured via
birefringence before and after processing (Figures 3-2 and 3-3). A control experiment
was also carried out wherein the same experiments were run without the presence of C0 2 .
The control experiments indicate that loss of orientation does not begin until well above
105°C and, in fact, at 1 15°C we still see only a 10% drop in orientation. The C0 2
experiments, however, indicate that loss of orientation begins around 105°C and that
almost total loss of orientation is achieved by 1 15°C. WAXS data, indicating the degree
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of crystalline orientation, were evaluated for several of the untreated films and the data
was cons,stent with birefringence measurements of anisotropy (Table 3-1). This data
seems indicate an increased mobility of polymer chains in the SC C0 2 swollen polymer,
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Table 3-1 Hermans' orientation function values for LLDPE films of
different draw ratios.
Draw Ratio Birefringence WAXS
0 0.00 0.00
2 0.48 0.32
5 0.68 0.61
It was further necessary to evaluate any effect of SC C02 on the crystal structure
of the LLDPE. SC C02 has been reported to induce annealing of crystallites in some
semi-crystalline polymers such as polyethylene terephthalate (PET) 20 . In order to
quantify any effects on the crystal structure of LLDPE, a series of DSC experiments were
conducted as shown in Figure 3-4. Table 3-2 gives the percent crystallinity for each
experiment as well as the melting temperature.
As illustrated by Table 3-2 we see no effect on either the peicent crystallinity or
the melt temperature in SC C02 at 100°C for 1.5h. However, at extremely long C0 2
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exposure times (19h) some annealing effects do occur. It is interesting to note the dual
melting peak in the as-received LLDPE. Lagaron et. al. have attributed this double melt
peak to segregation of chains which do not have truly random distributions of chain
branches either intra- or inter- molecularly 51. This minor peak is seen to disappear after
drawing, evidence of the destruction and reformation of crystallites during the drawing
process. This minor peak is seen to reappear when the drawn films are melted and re-
analyzed.
LLDPE oft roll
LLDPE drawn
LLDPE SCC02 1 9h
Temperature {°C) Universal V24F TA Instruments
Figure 3-4 DSC curves of LLDPE films exhibiting changes in
crystallinity due to drawing and subsequent treatment in SC C02.
Table 3-2 Percent crystallinity and melting temperature for LLDPE
films exposed to SC C0 2 .
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Sample Tm (°C) % Crvstallinitv
As Received 119.8 29.5DR2
1 17.2 38.4
DR2 1.5h @ 100°C in C02 117.2 38.4
DR2 19h @ 75°C in C02 117 37.1
3.3.2 Adhesion
The melting temperature of drawn (DR=2) LLDPE is 1 17°C by DSC. For
purposes of adhesion measurement, two oriented films were placed in the reaction vessel
with coincident orientation and welded together as specified in the experimental section
of this chapter. When these films are welded, it is apparent that no adhesion is measurable
between films at temperatures below 85°C in either normal heat pressing conditions or in
the presence of SC C02 . However, as the temperature is increased above 85°C, an
increase in adhesive strength is seen between the films. As evidenced by the T-Peel test
results in Figures 3-5 & 3-6, the increase in adhesion with temperature is considerably
faster in the presence of SC C0 2 , allowing for higher levels of adhesion at a given
temperature in C02 . The ability to attain adhesion at temperatures below the melting
temperature allows for the possibility of retaining the original morphology and crystal
structure after welding.
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Figure 3-5 T-Peel test of 'solvent welded' LLDPE film at 100 °C
and 5 minutes 'Welding Time".
39
gI
1 0
0 H
5 0 6<
I
I
04
i
T 1 r
80 85 90 95 100 105 110 115 120 125
Temperature °C
Figure 3-6 Complete T-Peel analysis results of LLDPH films
welded with and without SC C02 at various temperatures. Adhesion
is normalized by the ligament break strength (15 N).
Figure 3-6 indieatcs that at a "welding temperatllre ,, of approximately 100 °C, laminates
take on up to 15% of their bulk strength. Combining this with results from figure 3-3 it
bceomes apparent that an optimal processing window exists at 100 °C wherein reasonable
adhesion can be attained while retaining orientation in the films.
Having identified optimum processing conditions, multi-layer laminates were
fabricated by welding eight oriented films in a quasi-isolropic symmetric lay-up. The lay-
up process entails stacking four films in the reaction vessel with a 45° offset between the
orientation direction of the last film and the next film. The fifth film is then applied with
coincident orientation to the last, and the remaining three films are again staggered at 45"
offsets in the opposite direction, this lay-up sequence is denoted numerically as
(0
o
,45
o
,90
o
,-45
o
)2s.
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3.3.3 WAXS
W,dc angle X-ray scattering was performed on both the laminated films as well as
the single plies (Figures 3-7, 3-8, 3-9). The d-spaeings are consistent with the standard
orthorhombic unit cell of LLDPE 52. For the DR= 2 fi ,ms on , y^ { {Q^ ^^
reflections are discernable. The WAXS pattern for the laminated film shows the 8-fold
symmetry, indicative of its quasi-isotropic nature. The contribution from each individual
oriented film is apparent, further evidence of the retention of morphology in this pr'OCCSS.
Figure 3-7 WAXS pattern of unoriented LLDPE film.
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•Figure 3-8 WAXS pattern of oriented LLDPE film (DR2).
Figure 3-9 WAXS pattern of 8-ply quasi-isotropie symmetrie
laminate exhibiting retention of individual ply orientation.
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3.4 Mechanical Characterization
3.4.1 Tensile Properties
Results of tensile tests on the laminated films were compared to the oriented
individual plies w.th their orientation perpendicular and parallel to the load direction
(Figure 3-10). The laminated films gave similar results lor all testing directions, i.e.
transversely isotropic. The results of these tests are summarized in Table 3-3. The initial
modulus for the laminated films are slightly higher than the parallel individual ply while
the strain to failure is significantly higher. Because only two of the eight plies have their
orientation coincident with any loading direction, it comes as somewhat of a surprise that
the laminated film would have an increased modulus over that of the parallel individual
ply. This can be explained as a consequence of constraints which are placed on the
transverse direction of each ply. Any given ply is welded to neighboring plies which tend
to reinforce that films' transverse stiffness. When a film is loaded in a uniaxial manner,
the Poissons ratio of the material will dictate that the material compress in the transverse
direction. In these laminated films, the transverse compression is resisted by adjoining
plies, having the overall effect of stiffening the original ply beyond its original stiffness.
The total strain energy density at failure is also significantly higher (56% higher) than the
strain energy density of the parallel film. As expected, the DR= 5 films show a significant
increase in modulus over the DR= 2 while the strain energy density to failure is decreased
due to a significantly decreased strain to failure (Figure 3- II). In all cases, failure
occurred without de-lamination of the laminated films.
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Strain (mrrVmm)
Figure 3-10 Stress vs. Strain curves for parallel ply, transverse ply,
and 8-ply laminate (DR2).
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Figure 3-11 Stress vs. Strain curves for parallel ply and 8-ply
laminate (DR5).
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Table 3-3 Mechanical data from tensile tests on single ply and
laminated films.
Sample
DR2 Transverse
Single Ply
Modulus
(MPa)
Strain to
Failure (mm/mm)
Stress at
Failure (MPa)
Strain Energy
Density (kJ/m A3)
DR5 Laminated
Film 187 1.5 77 66
3.4.2 Puncture Resistance
The puncture resistance of the DR=2 laminated film was compared to that of a
DR= 2 single ply and an unoriented LLDPE film. It is evident in Figure 3-12 that the
puncture resistance of the laminated film is significantly higher than that of the
unoriented single film, however, it is not appreciably different than the single oriented
ply. These results are explained by considering that when films are loaded perpendicular
to the plane, the planar configuration of each ply becomes less important, and it is only
the extent of molecular chain orientation that effects puncture resistance. Once again, no
de-lamination was seen upon failure.
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Figure 3-12 Load vs. Deflection curves illustrating the results of
impact testing on oriented LLDPE films as compared to 8-ply
laminates.
3.4.3 Tear Properties
The tear resistance of these laminates is evaluated via a single specimen J 1C . The
applicability of the single specimen J 1C to these thin polymer films has been investigated
via a Method of Essential Work and the results are compared.
The J integral is defined as a change in potential energy from an increase in crack
area as:
J =
dYl
dA (3)
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where n is the poten„al energy and A is the crack area. The potential energy of the film
equals the strain energy minus the work done by external forces on the film. b the case
of displacement control, the work done by external forces is zero, so the potential energy
equals the strain energy, U. If the film thickness is constant then equation (I) may be
expressed as:
B\da
,
(4)
where B is the thickness of the film, a is the crack length and U is the strain energy. The
strain energy for the system is calculated from the load vs. displacement curve as shown
in equation (3), where P is the load and 5 is the crosshead displacement.
U= \PdS (5)
Jic is then defined as the critical energy at which crack propagation first occurs. This
value is determined by extrapolation of the linear portion of the J vs. crack length curve
to zero crack length (Figure 1-13).
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Figure 3-13 J vs. Delta a curve illustrating the results of the single
specimen Ji C tear resistance evaluation.
Although the conventional J1C test is designed to be a multi-specimen test,
researchers have developed single-specimen procedures. There has been some
controversy concerning the validity of the single-specimen approach for the J 1C test with
respect to highly ductile thin films. The J1C theory is derived in terms of a constant load
or constant displacement test, conditions that are difficult to attain in a single-specimen
multiple loading procedure (Figure 3-14).
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Figure 3-14 Multiple loading curves showing Load vs. Extension for
a single specimen J1C evaluation of tear resistance in an unoriented
LLDPE film.
In addition, the J 1C test is formally a non-linear extension to linear elastic fracture
mechanics (LEFM), which makes it appropriate for specimens in which plastic
deformation is localized to the crack tip only. A single-specimen approach is very
attractive considering that it requires the fabrication of only one or two laminates, versus
the 10-12 necessary for a multi-specimen approach. Unfortunately, the highly ductile
films we are dealing with display a large amount of far field plastic deformation. We
have, therefore, some concerns considering the justification for using a single-specimen
J ic test for characterization of the laminates. We will therefore attempt to justify the use
of the single-specimen J| C on an empirical basis, specifically by applying a more
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theoretically sound procedure to the single plies and comparing the results. That
procedure is the multi-specimen Method of Essential Work.
The Method of Essentia] Work is considered to be appropriate for thin films of the
type we are testing. When a large plastic zone accompanies crack propagation in a
material, the basic assumptions of LEFM become invalid. Much of the plastic flow work
dissipated in this zone is not directly attributable to the fracture process. Only that work
which goes into the fracture process is considered a material constant, th.s work is
defined as the essential work (We ). This essential work may be separated from the non-
essential fracture work (Wp), which embodies all energy dissipation related to far field
deformation surrounding the crack tip. Because We is proportional to the ligament
length (/ ) and W p is proportional to damage area (which scales as I2 ) , a linear relationship
exists between the specific total fracture work w
f (total work normalized by ligament
W /length and film thickness, = % ) and ligament length (/ ) with the intercept at 1=0
giving the specific essential fracture work (we ), i.e.,
wf =we +0wl (6)
where P is a shape factor of the outer plastic zone which depends on the specimen
geometry. Therefore, from a plot of specific total fracture work vs. ligament length for
several specimens we can determine wc , a material constant (Figure 3-15). The
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drawback ,o such a procedure is the need to prepare 10-12 identica] specimens with
varying ligament lengths.
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Figure 3-15 Specific work vs. ligament length curve illustrating the
results of a multi-specimen method of essential work evaluation of
tear resistance in LLDPE films.
It has been noted by several researchers 53 » 54 that a very good empirical
agreement has been found between J1C values and the corresponding essential work
values in previous work. In this work, the Method of Essential Work and the single
specimen Jic have been studied as they pertain to highly oriented LLDPE films in order
to assess the practicality of using the single specimen J IC to characterize quasi-isotropic
laminated films. The LLDPE single films were tested in a center notch mode I geometry.
Three specimen types were tested; the unoriented film, the oriented single ply with
orientation perpendicular to load direction and the oriented single ply with orientation
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parallel to the load direction. These tests were all conducted on films with DR= 2. The
results of these tests are listed in Table 3-4
Table 3-4 Quantitative results of tear resistance calculations
LLDPE films.
on
J1C Ess. Work
(KJ/mA2) (KJ/m*2)
Transverse 8.9 0.5
Unoriented 40.3 47.9
Parallel 205.7 195.8
Laminate 98 N/A
It is immediately apparent that molecular chain orientation in polymer films has a
profound effect on tear resistance. As would be expected, the films with chain orientation
parallel to the load direction (tear growth perpendicular to orientation) have quite high
tear resistance. This is intuitively understandable given that the tear must propagate
across oriented chains, rupturing chemical bonds in the process. For the films with
orientation transverse to the load (tear growth parallel to orientation) there is almost no
resistance to crack growth. Once again this is understandable given that in this geometry
the tear need only propagate between oriented chains, simply 'unzipping' the film.
Our data suggests an excellent agreement between the single specimen JiC and the
Method of Essential Work for the single plies. The J1C approach is therefore applied to
describe the tear resistance of the 8 ply laminates (Figure 3-16).
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Figure 3-16 Comparison of test results for J1C and method of
essential work evaluations of tear resistance illustrating good
agreement between methods.
3.5 Interface Studies
In this section the weld interface is scrutinized in an attempt to more fully
describe the nature of the adhesion in this system. Atomic Force Microscopy (AFM) as
well as Optical Microscopy are employed to study the integrity of the weld line. Also,
Transmission Electron Microscopy (TEM) as well as Scanning Electron Microscopy
(SEM) are utilized to more fully characterize the morphological nature of the interface
region
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3.5.1 Optical Microscopy
The 8 ply laminates were cryogenically microtomed at approximately
-175 °C. It
is interesting to note that in the optical micrograph (Figure 3-17) the interfaces are clearly
visible in all cases except for the center two plies in the laminate. Also, the texture and
roughness varies from film to film except, again, for the center two plies.
Figure 3-17 Optical micrograph of 8-ply laminate after cryo-
microtoming. Marked interfaces and texture differences are due to
orientation mismatches in the plane of the cross-section.
The reasons for these observations are associated with the anisotropic nature of the
individual plies that make up the laminate. Note that each ply of the laminate consists of
a highly oriented film. These plies are stacked with principal orientation directions that
stagger 45 "from one another except the center two plies, which are coincident to retain
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symmetry. Also note that both the tear and cutting resistance of each ply is highly
dependent on the direction of the cut relative to the direction of P . y orientation. Thus, the
different textures evident in each ply in figure 3-17 are a consequence of a different
cutting resistance associated with each ply in the relevant plane. The marked interfaces
too, are an artifact brought on by the extreme temperature changes involved in the cryo-
microtoming process. Once again, due to the anisotropic nature of the plies, each will
have a different coefficient of thermal expansion (CTE) with respect to the plane of the
microtomed surface. The sample is microtomed flat at -175 °C, then allowed to warm
-200 degrees to room temperature. Given these conditions, even a small mismatch in
CTE between plies can have a significant height mismatch. The fact that this interface is
not visible in the center ply, which has coincident orientation and, hence, matching CTE,
supports this claim.
The cryo-microtoming process is a necessary step in the preparation of cross-
sections due to the low modulus of the films, making these artifacts unavoidable. Gi
these conditions, it is useful to examine the center ply as indicative of the nature of the
true weld line. Experiments were conducted to dispel concerns that the relative
configuration of each ply to the next (i.e. coincident orientation or 45° offset) would
effect adhesion. These experiments showed no measurable difference in adhesion
between these two configurations.
ven
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3.5.2 Interface Morphology
Understanding the interface morphology is a key component of identifying the
mechanisms of adhesion in this process. In order to investigate the interface region
directly, a sample was stained with Ruthenium Tetroxide 55 and examined under JEM
Ruthenium Tetroxide is known to preferentially stain the amorphous over the crystalline
regions of polyethylene. The heavy ruthenium atoms show up as dark regions in the
TEM. As can be seen in Figure 3-18, the interface region absorbed a very high
concentration of stain. From this image, there is apparently a large region (0.5 urn wide)
which is higher in amorphous material than the rest of the bulk LLDPE films.
Figure 3-18 TEM image of interfacial region within an 8-ply
laminate. Amorphous regions have been stained black with Ru04 ,
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To further investigate the nature of this interface, a sample was etched with a
potassium permanganate solution56. Thls solutlon preferentially etche§
polyethylene over crystalline. SEM (Figure 3-19) of the etched surfaces indicated that the
interface region was removed, leaving a fissure between the plies. The size and
appearance of the fissure was consistent with the interface dimensions given by TEM.
Figure 3-19 SEM micrograph of interfacial region in 8-ply laminate
etched with potassium permanganate.
Given the apparently high amorphous content of the interfacial region, and with an
understanding of the plasticizing effects of SC C02 , these results suggest that a likely
mechanism for adhesion in this process is the amorphous diffusion of highly plasticized
polymer chains across the interface, however, further experimental studies would be
necessary to corroborate this theory.
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3.6 Dielectric Properties of Welded Laminates
The dielectric properties of both the oriented single plies as well as the 8-ply
laminates were analyzed using a Novocontrol broadband dielectric spectometer. The
dielectric properties were measured from
-175°C to 55°C at varying frequencies from
10Hz to 1kHz. Given that the materials exhibited little dependence on frequency within
the range tested, dielectric values are reported for 60Hz data. From these results the
following observations have been made.
Upon drawing of the films, the storage dielectric (e') follows a general decreasing
trend, dropping from 2.2 for the unonented film to 1.6 for the DR=5 film (Figure 3-20).
This drop in storage dielectric is accompanied by a similar drop in the magnitude of the
dielectnc loss (e") (Figure 3-21). The peaks in the loss spectra are also significantly
altered, showing a large drop in amplitude with increasing orientation. It is interesting to
note that when these films are welded together using SC C02 , there is marked change in
the dielectric behavior. After welding, the multi-layer laminate exhibits a large increase
in storage dielectnc, going from 2.0 for the single ply DR= 2 film to 2.75 for the 8-ply
DR= 2 laminate. The dielectric loss for the multi-ply laminates, however, continues its
downward trend, approaching zero for the 8-ply laminate. Data is also presented for an
8-ply laminate, which was welded at a higher temperature (1 10°C), this sample exhibited
some loss in orientation as compared to the standard 8-ply laminate fabricated at 100°C.
This 'overheated sample', as seen in figures 3-20 and 3-21 exhibit the same trend as the
standard 8-ply laminate, but with less pronounced magnitude.
58
40
3.5 -
50Hz Storage
o
w 3.0
O
a>
o
5 25
<D
O)
(0
I 20
1.5
8DR2 Laminate
DR2 Single Film
Unoriented Single Film
Overheated 8!ayer
DR5 single (60Hz)
1.0
•200 150 100 -50
I
50 100
Temperature (°C)
Figure 3-20 Storage dielectric vs. temperature for a range of oriented
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Figure 3-21 Loss dielectric vs. temperature for a range of oriented
LLDPE films and welded laminates. Data taken at 60Hz.
In order to analyze this data further, it is important to review some of the basic
concepts of the dielectric properties of polyethylene. Polyethylene contains only C-H
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apolar bonds, with dipole moments in the range of 0. 1 debye. This dipole corresponds to
an oscillator strength e0- of 10"2 and maximum loss factors in the range of l0"6 57.
This means that loss factors in polyethylene should be barely detectable by usual
dielectric techniques. Despite this, polyethylene generally exhib.ts strong relaxations
corresponding with those seen in dynamic mechanical experiments. Several reasons have
been put forth for this, the two most important include adventitious dipoles caused by
oxidation and the other is the existence of residual catalyst attached to polymer chains.
Several researchers have presented evidence that these foreign dipoles serve only to label
the relaxations, and do not appreciably perturb the natural behavior of the polymer-^, 59
60
.
Thus, we are assured that polyethylene relaxation spectra are indicative of the
polymer in its natural state.
Dielectric loss spectra for polyethylene generally contain several peaks
corresponding to specific relaxations in the polymer. Although the exact nature and
location of these peaks varies for different polyethyenes (LLDPE, HDPE, LPE, BPE,etc),
the generic spectrum is made up of four relaxations. The a relaxation occurs very near
the melting temperature and can be con-elated strongly with crystalline phase61
. The (3
peak, occurring roughly between
-50°C and -100°C is related to the rubbery-glassy
transition62
.
The y and 5 peaks are associated with amorphous relaxations and occur at
temperatures below
-100°C 63
. Although the effect of orientation on dielectric properties
is complex, studies have been done to try to quantify this effect.
The dielectric behavior of the oriented single ply films can be explained by
understanding that the alignment of molecules necessarily leads to a re-orientation of
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main chain dipoles. This re-orientation of dipo.es leads to dielectric anisotropy in the
sample. Consistent with our results, Boyd and Yemn, 58 report a drop fa^
of dielectric loss as well as in amplitude of relaxation peaks with drawing. The divergent
behavior of the laminated films after welding, however, is somewhat of a surprise and no
analogous literature reference for this behavior has been found.
In order to ascertain the origins of the divergent behavior in the multi-layer
laminates, films were welded with varying numbers of plies and varying configuration^
order (i.e. 0,0
; 0,45; 0,90). The results of this series of experiments are shown in figures
3-22 and 3-23. From these results it can be noted that the divergent behavior is
immediately present upon the lamination of just two films. The configurational order of
the two welded films does not seem to play a large role for the storage dielectric, but does
seem to have an effect on the magnitude of the loss dielectnc. What is also obvious is
that the greater dependence is with the number of plies (and interfaces) within the
laminate, the 8-ply laminate having by far the greatest increases in storage dielectric and
the largest drop in loss dielectric. Experiments were also conducted wherein multiple
single ply films were stacked in the dielectric spectrometer, without welding, and
analyzed as a group. The resulting data was poor and did not mimic the divergent
behavior seen in the welded laminate.
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'igure 3-22 Graphic representation of the effects of orientation and
lamination on average storage dielectric.
0.010
Unoriented DR2 DR5 2x0 2x45 2x90 Quasi
Orientation
Figure 3-23 Graphic representation of the effects of orientation and
lamination on average loss dielectric.
From the data at hand it is very difficult to isolate the exact cause of the divergent
behavior in the welded laminates. There is reason to believe that this behavior stems from
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the ex 1Stence of amorphous inter-layers between each of the welded plies, however this is
only speculation, and further experimentation is necessary to bring this to light.
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CHAPTER 4
A LINEAR CONSTRAINED BLISTER TEST (LCBT)
4.1 Introduction
The quantitative measure of polymer film adhesion is an important problem both
from an academic standpoint as well as from a practical industrial standpoint. Early
attempts to measure adhesion were extremely qualitative, such as using a razor blade to
peel up part of the film or coating and estimating the force needed to do so. Subsequent
attempts to quantify this type of technique, such as the adherometer by Green and
Lamattina, 64 were difficult to reproduce and imposed a shear dominated failure mode
that is not indicative of practical failure modes in adhesive coatings. From these crude
beginnings, a huge number of adhesion tests have been developed, each geared toward a
more accurate and easily applicable measurement of adhesion.
For quite some time the standard peel test has been a very popular technique for
determining adhesion due to its ease of application. This technique takes several forms
but generally involves the gripping of a free end of a film or coating and forcibly
removing it from the substrate (Figure 4-1).
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Film
Figure 4-1 Schematic diagram of a standard peel test.
The force necessary to accomplish this is recorded as the peel strength. Unfortunately,
peel forces have been found to depend heavily on peel angle, rate, width, ligament length,
and thickness of the peel strip 65
.
Even with an understanding of the varied parameters in
a peel test, fundamental theoretical treatment of the failure mechanisms is quite difficult.
In addition, this technique is necessarily only applicable when the levels of adhesion are
significantly lower than the bulk yield strength of the film or coating. This technique,
therefore, although popular, is really only useful for qualitative comparisons of like
systems.
Other, more controlled techniques, take advantage of our fundamental
understanding of engineering and fracture mechanics of solids. For example, the
spontaneous detachment technique allows for the determination of coating adhesion
without the application of an external forced This is done by harnessing residual
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stresses Mho a coating to drive delamination. When a eoaiing is well adhered to a
substrate, it is no longer able to expand or contract freely in response to temperature or
swelling agents. Because of this constrain,, large changes in temperature or moisture
uptake can induce significant residual stresses wdhin a coating or film. As discussed by
Peroral ,a coating will de-bond if the internal s.rain energy in the coating exceeds the
adhesion of the coating to the substrate:
y=tcre
(1)
where Y is the intrinsic adhesion, t is the coating thickness, a is the stress in the coating
and e is the strain in the coating. From equation 1 it is clear that by increasing the
thickness of the film one can surpass the critical energy needed to de-bond the film. In
practice however, Perera points out that for moderate levels of adhesion this would
necessitate extremely thick coatings, conditions very difficult to realize in practice. An
easier way to drive de-bonding in this case is to rely on the coefficient of thermal
expansion (CTE) of the coating. The strain in the film is related to the CTE as follows:
£=]K-aTs )dT (2)
where aF is the CTE of the film as is the CTE of the substrate. Therefore, one has only to
expose the coated substrate to a low enough temperature in order to obtain high tensile
stresses. Then, by determining a = f (T), and the conditions under which the coating
delaminates spontaneously, y can be calculated. Although this technique circumvents
many of the geometric issues involved in applying a load to a film or coating, as in the
peel test, it requires a great deal of information about the particular film or coating
beforehand. The CTE's must be known for both the substrate and the coating, and
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modulus and Po.ssons ratio must be known both as a function of temperature and time.
The necessity to have previously evaluated the system to this extent severely limits this
technique in practical application.
Another example of a technique which draws heav.ly from concepts of engineer.ng
mechanics is the JKR technique^. This technique was born out of the theoretical
treatment of contact mechanics between a soft elastomeric sphere and a rigid flat
substrate (Figure 4-2).
Figure 4-2 Schematic diagram illustrating the basic geometry of a
JKR contact adhesion test. (A) Before contact; (B) After contact.
Heinrich Hertz 69 first illustrated the mechanics of such a system, however he did not
account for any interfacial adhesion between the sphere and the substrate. Subsequent
experimental work by Johnson et al. showed that the deformations occurring in such a
system are larger than those predicted by Hertz. Johnson and coworkers recognized that
this "excess" deflection was due to interfacial attractive forces and modified the Hertz
model to account for this. According to the JKR theory, the force necessary to separate
the bodies from adhesive contact, the "pull-off' force (Ps ), is given as:
3
P=-7iWR (3)
2
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where W is the work of adhesion and R is the radius of curvature of the sphere. The
surfaces jump out of contact when the applied load is equal to the pull-off force. The
contact radius at the point of separation, as , is given by :
3ttWR 2
a
l = ~ (4)2K
where K embodies the material properties of the sphere and the flat substrate as follows
1 -1
K ~ 4 (5)
where E, and Dj are the modulus and Poissons' ratio of the sphere respectively and E2 and
i)2 refer to the flat substrate. From these basic results then it can be seen that if the
contact radius is measured as a function of applied load, one can calculate W from the
critical contact radius at detachment. Researchers have studied many substrates and have
modified the elastomeric sphere in myriad ways to mimic realistic adhesive systems.
Unfortunately, this technique also suffers from fundamental difficulties. Like the
spontaneous detachment technique discussed earlier, it is necessary to possess a
significant amount of knowledge regarding the mechanical properties of the substrates a
priori. In addition, sample preparation is difficult, necessitating the surface modification
of the elastomeric solid in order to study an adhesive or coating. Although both the
spontaneous detachment technique and the JKR technique have fostered much interest
academically, due to their inherent limitations neither has been embraced as a practical
and reliable technique for the measurement of adhesion.
A technique which has been more readily accepted for quantitative adhesion
measurement is the blister test. Danncnberg was the first to describe the successful
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application of such a test in detail. The basic principle in this test is to inject a
pressurizing medium between the coating/film and the substrate, and to de-bond the
coating in the manner of a blister. This arrangement allows for more controlled
application of load, and the failure mode in this case mimics that of a standard failure
mode for many adhesive coatings (Figure 4-3).
2a
Figure 4-3 Schematic diagram of a standard blister test geometry.
Gent71 uses an energy balance approach to model the details of blister growth. He notes
that the total work to grow a blister can be expressed as follows:
AW = AW
]
+ AW
2 (6)
where AW is the total work done on the system, AW
t
is the energy expended in
detachment and AW 2 is the change in the energy stored elastically in the membrane
From geometric considerations Gent derives the expressions for AW, and AW 2 as:
AW, =2ti aG Art (7)
AW, = (8)
where a is the radius and G
;1
is the energy of detachment per unit area. The total work
AW, can then be easily represented by PAV, which when expressed as a function of a is
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By combining equations 7, 8 and 9, the detachment energy Ga is obtained as
G
n =0.65Py
where y is the height of the blister at any given radius and is given by:
(9)
(10)
y =0 '6
[
p%y (id
where E is the modulus of the film and t is the thickness. An important aspect of
equation 10 is that the energy release rate is a constantly increasing function of a. The
inevitable result of this is that the blister growth will be unstable, at some critical value of
pressure and blister height the input energy will overcome the detachment energy and
catastrophic failure ensues. Equation 10 can be used to experimentally determine Ga at
the critical point, however, this requires the accurate determination of both the pressure
and blister height precisely at the moment that catastrophic failure occurs. In practice this
is extremely difficult to do, and researchers usually report a range of pressures and
heights that bound the critical point. This necessarily leads to significant error in the
calculation of Ga . The inherent instability in blister growth is one of the most limiting
aspects of the use of blister tests for accurate adhesion measurement. Another limitation
of the blister test is the large deformations inherent in the technique, which therefore
require that the level of adhesion be smaller than the cohesive strength of the film or
coating.
In an attempt to improve the applicability of the blister test a manner of stabilizing
blister growth was put forth by Napolitano and Moet in 1987 72 > 73 . The result was a
constrained blister test (CBT) wherein a constraining plate was placed over the blister at a
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prescribed height, allowing the plate to support a portion of the loading forces and
thereby stabilize the blister growth (Figure 4-4).
Glass Base
t
d
i
l
|
Figure 4-4 Schematic diagram illustrating the geometry of a
constrained blister test.
In order to understand the stabilizing effects of the constraining plate it is only
necessary to consider the energy balance arguments described earlier. For the case of a
constrained blister, the volume term becomes:
f *\
V=7Th a - ad +— (12)
J
where a is the radius and d is the detachment distance as shown in figure 4-4. From this
then, the energy release rate can be calculated in an analogous manner to Gent as:
I G ( =Phq
where q is a correction factor which approaches 1 for radii much larger than d. This
constant value of energy release rate for a constrained blister (CBT) then means that
blister growth will proceed in a stable fashion so long as the initial applied driving force
exceeds the critical energy release rate for propagation. Although this treatment
represents a somewhat simplified view of the energetics of blister propagation in a CBT,
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it does serve to illustrate the main difference between the CBT and the standard
unconstrained blister test. Another aspect of the CBT is that the constraining plate
inhibits large deformations of the film, thereby allowing thin films to be tested whose
adhesive strengths are higher than their cohesive strength. This is an important
improvement to the test because this is a situation which presents itself quite often in
practice, but which cannot be addressed by any of the other types of techniques
mentioned previously.
The basic CBT itself does suffer from several limitations to practical, easy
application. The largest drawback is that the assumption of symmetric radial growth in
the CBT is often incorrect, as subtle non-uniformities in the film or coating being tested
can lead to 'fingering', where the blister takes a path of least resistance under the
film/coating. This makes it very difficult to accurately compute radii and growth rates and
hinders reproducibility. The theoretical treatment describing the CBT has also come
under some debate 74 75 in recent years, bringing up the question of how exactly the data
from such an experiment should be treated.
Given the large number of quantitative adhesion tests that have been developed
over the years, the CBT has perhaps the greatest number of advantages both from a
theoretical perspective and from a practical applications perspective. The work described
in this chapter attempts to improve upon the CBT in such a way as to provide for
propagation of the growth front along a linear path. This adjustment to the geometry of
the blister was first suggested by Dannenberg 70 for the unconstrained blister, but its
benefits have been largely ignored in recent years and have never been applied to a
constrained blister test. In addition to the experimental refinements, a re-evaluation of
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the govern^ theoretical treatment is undertaken in an attempt to more appropriately and
fully describe the energy dissipation in the de-bonding process. The apparatus is
described in detail and experiments are conducted on a model system over a range of
loading pressures and spacer heights.
4.2 Theory
4.2.1 Energy Balance
In addition to providing for stable blister growth, it can be shown that the CBT
also produces self-similar propagation of the blister growth front. Given a constant
energy release rate for this system, and assuming that the film thickness and stiffness are
unaltered during propagation, then it can be shown that the boundary conditions at the
film /plate interface must be unaltered as the blister front propagates. This means that the
curvature of the film and the angle of peel will be constant during propagat.on, producing
a self-similar growth condition (Figure 4-5).
Upper Glass Constraining Plate
h
Lower Glass Constraining Plate
Figure 4-5 Schematic diagram of a propagating blister growth front.
The fact that the blister front propagates in a self-similar manner has profound
implications for the theoretical treatment of this system. Because the energy in the
73
system will be constant from time t, to time t 2 , then this allows us to concentrate only on
the changes in energy as a function of blister ft ont propagation, and to obviate the need to
calculate the absolute energy stored in the film
During growth front propagation there is a continuous de-bond.ng of the adhesive
tape from the glass substrate. It is understood that this propagation is preceded by a
damage or process zone, wherein significant inelastic energy dissipation occurs 76.
Figure 4-6 illustrates the existence of this damage zone ahead of the propagating blister
front. Within this damage front adhesive and/or polymer film undergo significant flow
and fibrillation, producing significant inelastic energy dissipation.
Lower Glass Constraining Plate
Figure 4-6 Schematic of propagating blister front illustrating the
presence of a damage zone preceding blister growth.
It should also be noted that due to the conditions of this test (constant load and
self-similar propagation), the system is expected to exist in equilibrium. Because of this
equilibrium it is possible to apply simple thermodynamics to this system. It is known that
the rate of internal energy change, U , is:
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U=W +Q (14)
where a is the rate of work done and q is the rate of hea, generation. If ,, „ assnmed
that the process is isothermal, then Q ean be negleeted. At this point, the rate of work
done can be described generally as:
W=F
l
+ rA+D (15)
where F, is the rate of change in the elastic strain energy, y is the specific interfacial
energy, A is the change in area with time, and D represents all dissipative processes
occurring in the system. Equation 15 is a very general thermodynamic treatment that ca
be applied to any system, and in fact resembles the energetic arguments used for several
of the techniques described in the introduction to this chapter.
4.2.2 Plastic ZoneViscoelastic Effects
n
One of the more illusive aspects of equation 15, and the most neglected is the D
term. As previously mentioned, D embodies the inelastic energy dissipation in the
system. In the simplest case it can be assumed that inelastic energy dissipation occurs
only in the damage zone ahead of the crack tip. As all polymers are viscoelastic in nature,
the energy dissipation produced during flow and fibrillation of material within the process
zone can be quite substantial, and in some cases overwhelm the actual interfacial energy.
A mathematical form forD can then be derived by applying basic viscoelasticity
concepts along with a plastic zone theory developed by Dugdale 77 and Barenblatt78 .
As mentioned, it is reasonable to consider the dissipative processes within the process
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zone to be viscoelast.c in nature; therefore, we would expect D to take the following
generic form:
D=(^)v
z (16)
where ((Tie) is the rate of change in the viscoelastic strain energy density within the
process zone and Vz is the volume of the process zone. In this case the stress will be
proportional to the pressure. The strain rate (6 ) in the process zone is proportional to the
stress through the constitutive relationships (i.e. modulus) which, again, will be
proportional to the applied pressure. The strain energy density term (a:e ) then will
scale with the square of the applied pressure (P2 ). As for the volume of the process zone,
(Vz), Dugdale77 and Barenblatt™ developed a theory for the size of a process zone in
front of a crack tip. From this work it has been shown that the size of a process zone in
front of a crack tip is proportional to the crack length and the crack opening displacement
(COD). Because of the stable, self-similar growth of the constrained blister, the blister
growth front should not be affected by the overall radius of the blister. Therefore, the
plastic zone arising from such a system could only be a function of local geometry
surrounding the growth front itself (Figure 4-5). From this analysis it is apparent that the
relevant "crack length" from the Dugdale-Barenblatt model is r, the horizontal distance
corresponding to the unsupported ligament length. To the extent to which the growth
front can be assumed to form a triangle with r and h as legs and tan 0 = h/r, it is
reasonable to expect that r is proportional to the spacer height h. From similar arguments,
because the COD is necessarily a function of 0, then COD will also be proportional to h.
Based on these arguments then, Vz should be well approximated by a function of the
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space,- he,gh, squared. Therefore a reasonable description of ,he energy dissipation ,„ ihe
process zone should take the form:
D = 6 P 2 h 2
where 0 accounts for all of the necessary proportionality coefficients including geometric
factors and constitutive relationships.
In this simplest case scenario it will also be assumed that there is no change in stored
elastic energy in the film during propagation. For this case, combining equation 17 with
equation 15 gives us a description of the total rate of work done on the system:
W =yA + {3P 2 h 2 (18)
where W = PV
.
Now, for a blister confined to a linear channel, V = h wd
,
where d is
the linear rate of blister front propagation. The details of this geometry are discussed in
more detail in the following section of this paper. Given this particular geometry then,
and rearranging equation 1 8, we get an expression for the growth rate of the propagating
blister front:
a=
~^l—: (1 9)w(Ph-y)
Two important factors are illustrated by this expression. The first is that a single
independent variable Ph is sufficient to describe the driving force for propagation. The
second is that this is a two parameter expression, including an intrinsic (non time-
dependent) adhesion y, and a time dependent value of adhesion (3. This |3 term is a very
important aspect of polymer adhesion as it embodies the viscoelastic aspects of adhesion
and is quite often neglected in adhesion theory.
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Expenments have been conducted in order to validate the feasibility and
applicability of developing a linear constrained blister test as well as determining the
accuracy and applicability of the theoretical treatment discussed above.
4.3 Experimental
"Crystal Clear" brand packing tape was acquired from Manco corp. The tape has a
clear polyester backing with a pressure sensitive adhesive on one side. The tape is 5.0 cm
wide and 0.065mm thick and is used as received. The adhesion of the packing tape is
measured using a custom blister testing apparatus. The blister testing apparatus consists
of a glass bottom plate mounted atop a steel framework rising 25cm from the bench-top.
The bottom plate measures 15cm x 15 cm x 1.25cm. In the center of the bottom plate is
an inlet hole attached to a #7 glass joint. An adapter is then used to attach the #7 glass
joint to a l/8in copper pressure fitting. Copper tubing then connects the inlet hole to a N 2
tank with a pressure regulator. An Omega 0.7MPa (lOOpsi) pressure transducer is
mounted just below the bottom glass plate. This pressure transducer is computer
controlled through a National Instruments Labview driver and software. This setup allows
for real time measurement of pressure during the experiment. Loading pressure was
varied in these experiments from 0.41MPa to 0.55 MPa (60psi to 80psi).
During testing, the sample tape is adhered to the bottom plate with a consistent
level of force such that one end of the tape is covering the inlet hole and neither side of
the tape is closer than 2.5cm from the inlet. Once the tape is adhered a copper spacer is
then placed over the bottom plate and the tape. The spacer is a 15cm x 15cm copper plate
with a slot cut from the center to the edge measuring 12.6mm wide and 7.5cm long.
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Three spacer heights are used in ,hese experiments: 0.314mm, 0.417mm,and 0.509mm. [t
is in this sl„„ed style of spacer heigh, thai this experimental destgn differs most from thai
described by Napolitano et al.72
.
After placing the spacer down, a top glass plate is put down to act as the
constraining plate (Figure 4-7). The top plate is tdentical to the bottom plate except that it
does not contain an inlet hole. The four components: bottom plate, tape, spacer and top
plate, are then clamped together using three clamps; one on each side of the slot and one
at the head of the slot.
Upper constraining plate
Spacer with linear slot
Adhesive tape
Lower constraining plate
Pressure inlet
Figure 4-7 Exploded schematic diagram illustrating the various
components making up the constrained blister test.
A Panasonic CCD camera is mounted above the apparatus to image the growth of
the blister during the test. This CCD camera is also computer interfaced and Ziess image
analysis software is utilized to capture and analyze the images (Figure 4-8).
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Figure 4-8 Photograph from CCD camera showing the propagation
or the blister growth front along a linear path (Top View).
During the experiments, images were acquired at a constant rate, thus allowing us to
measure the distance of travel of the growth front as a function of time. This data allows
for the easy calculation of blister growth rates. Each data point is the average of five
successful tests.
4.4 Results and Discussion
In the following discussion the details of blister growth are investigated, including
the dependence of growth rate on spacer height and applied pressure. Also, the details of
the growth geometry will be discussed with respect to a two-parameter theory to define
adhesion.
4.4.1 Blister Growth
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It is found that with the application of a critical pressure (around 0.4MPa (60psi)
in this ease) and a constant spacer heigh,, a blister will propagate down the length of the
channel a. a constant rate. The blister growth front takes the form of an arc and extends
from one side of the spacer slot to the other (Figure 4-8). This growth front is
reproductble, and dtstorttons in the blister shape during testing are rare and very minor.
The growth rate in these experiments is seen to be constant throughout the test for a given
pressure and spacer height.
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Figure 4-9 Plot of distance vs. time for the blister growth front
illustrating the constant rate of blister growth with time.
Given the constant applied load, this constant growth rate indicates that the energy
dissipative mechanisms at work in this process are consistent and do not depend on the
duration of blister growth (Figure 4-9). These observations arc consistent with the
constant energy dissipation term D described in equation 19. Because the blister growth
rate is a function of both the applied pressure and the spacer height, experiments were
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earned out to discern the contribution from each individually and thereby to test the
assertion that these two parameters are interchangeable, as implied by equation 19.
In the first experiment the 0.3 14mm spacer height is held constant and the
pressure regulator set at 0.4MPa (60pSi). When the pressure is introduced to the system
by opening a valve, the blister propagates down the length of the channel. The CCD
camera is triggered at the same moment as the applied pressure. The pressure is held
constant throughout the test as shown in figure 4-10.
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Figure 4-10 Plot of pressure vs. time illustrating the constant
applied load throughout the experiment.
After the test the growth rate is calculated by directly analyzing the blister images
as a function of time. This test is then repeated for three subsequent pressures (65psi,
70psi, and 75psi) at the 0.314mm spacer-height. Upon changing the spacer height to
0.417mm, and then to the 0.509mm, the sequence is repeated. The results of this
experiment indicate that the blister growth has a linear dependence on the applied
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pressure (Figure 4-11) and an apparent non-linear dependence
12),
on spacer height (Figure 4-
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Figure 4-1
1 Plot of growth rate vs. applied pressure indicating a
linear relationship between the two.
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Figure 4-12 Plot of growth rate vs. spacer height indicating a non
linear relationship between the two.
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It should be noted that the data presented in figures 4-1 1 and 4-12 illustrate the
entire testable range for this adhesive tape. At the lowest spacer he.ght (0.3 14mm) the
lowest pressure of 0.4Mpa (60psi) is not sufficient to initiate blister growth. At the
largest spacer he.ght (0.509mm), the highest pressure of 0.5MPa (75psi) caused the
blister growth front to propagate so rapidly that reproducible results were not attainable.
4.5 Data Analysis
Given the form of equation 19 it becomes obvious that a plot of d vs Ph should
relate the overall behavior of the growth front, where Ph is the driving force and a the
blister response (Figure 4-13).
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Figure 4-13 Plot of growth rate vs. driving force (Ph). An obvious
discontinuity exists in the lower spacer height.
The first observation from figure 4-13 is that an apparent discontinuity exists in
the curve from the lowest spacer height, 0.314mm, to the other two spacer heights. This
discontinuity implies that some fundamental change in behavior occurs between
0.314mm and 0.417mm. In order to explore the growth front geometry over this range,
the r value (horizontal unsupported ligament length) was measured directly from the
growth front images for each of the three spacer heights. A c value (representing the
hypotenuse of a triangle which has h as one leg and r as the other) was then calculated
based on the Pythagorean theorem
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Figure 4-14 (Left Axis) Plot illustrating the relationship between
Sine and spacer height. (Right Axis) Parsons data illustrating the
effect of spacer height on radial growth rate at constant Ph =17.
Figure 4-14 indicates that a fundamental change in the blister growth front geometry
occurs at a critical spacer height of approximately 0.4mm. Parsons 74 a i so measured this
effect, and has attributed it to a minimization of energy dissipation at low spacer heights.
This discontinuity in the effect of spacer height below the critical point of 0.4mm
suggests a transition in the fundamental mechanisms of blister propagation at low spacer
heights. Potential reasons for this transition will be discussed in a subsequent section of
this chapter, but for now the lowest height data will be neglected for the purposes of
verifying the applicability of equation 19.
4.5. 1 Verification of Theoretical Treatment
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In order to venfy the applicability of the theoretiea, treatment put forth ,„ section
4.2 of this chapter attempts have been made to fit
shown in figure 4-15.
equation 19 to the existing data, as
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Figure 4-15 Growth rate vs. Ph data (only h=0.417mm and h=
0.509mm) illustrating a generally poor fit to the theory described by
equation 19. (-Theoretical fit)
The extremely poor fit of equation 19 to the experimental data (R 2= 0.35) suggests that
the simplifying assumptions made in the derivation of equation 19 are not applicable to
this system. The two most obvious things which have been neglected in the formulation
of equation 19 are that energy may be either elastically stored (Fe ) in the film or
inelastically dissipated ( b ) in areas other than the process zone. Both of these
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possibilities will be considered in order to ascertain their effect
data.
s on the overall fit to the
4.5.2 Elastic and Inelastic Energy Considerations
Elastic energy is stored in a body if the stresses and hence the strains are
sufficiently low that the material is within its elastic limit (e.g. no gross yielding occurs).
If we consider the blister growth front in figure 4-16, it is clear that a reactive stress will
exist in the upper portion of the film due to the applied pressure on the blister front.
a = Ph/t
^
—
OppSr ffiass Constraining Plate
Figure 4-16 Schematic diagram of blister growth front indicating
the stresses in the upper portion of the film.
Any strain energy O ) which is stored in this manner would increase progressively with
the size of the blister a, and would therefore produce a non-zero change in elastic energy
with time ( f )• The elastic strain energy density can be formulated as follows:
F =° 2E (20)
where a is the stress in the film and E is the elastic modulus. The actual change in strain
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energy as a function of time then would be:
F. =wtd fa*}
K 2Ej (21)
where w is the width of the channel and t is the film thickness. Inco.porat.ng this into the
general thermodynamic model given in equation 15 (with a 2=
I t )
as shown in figure
4-16) and keeping our original derivation of D gives
2 i 2P'hPV =——-dw + y wa + fi P 2h2Et (22)
which upon rearrangement yields the following expression for blister growth rate
a
P P 2h
Ph-y P
2
h 2 ^
(23)
2Et J
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Figure 4-17 Growth rate vs. Ph data (only h=0.417mm and h=
0.509mm) illustrating the fact that inclusion of an elastic energy
term does not allow equation 23 to fit the experimental data. (-
Theoretical fit)
From figure 4-17 it can be clearly seen that the incorporation of an elastic energy term
does not allow for a theoretical fit to the experimental data. We must therefore look
elsewhere for the missing terms that will allow us to fit the experimental data to the
general thermodynamic model as expressed in equation 15. Another possibility for this
missing term would be the existence of inelastic energy dissipation in an area other than
the process zone.
Polymeric materials tend to creep when subjected to an applied load for some
period of time. This creep (viscous flow of the material under a constant load) occurs due
to the fact that polymeric materials are viscoelastic in nature, and therefore have time
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dependent matenai properttes. Therefore, if the npper porta of the film described in
figure 4-16 is subjected to a sufficient stress over a sufficient period of time, some
viscous flow could occur, thereby dissipattng energy. The express.on for the inelastic
energy dissipated tn this manner will take the same form as the expresston for elastic
energy stored in the film, with the notable exception that the modulus will now be time
dependent.
F = wtd
( a 2 ^
(24)
K 2E{t)j
Because of the similarity between the basic form of equation 24 and that of equation 21,
namely, F ~ (Phf a
,
it is clear that the inclusion of equation 24 into equation 15 will not
fit the experimental data any better than that shown in figure 4-17. Having failed to
rectify the theory to the experimental data by incorporating any of the known physics of
energy dissipation in this system, it becomes necessary to reevaluate the only other term
which has been derived in this treatment, namely D .
4.5.3 General Expansion of D
Having shown that neither stored elastic strain energy nor dissipated energy in the
form of creep can explain the experimental data, it becomes necessary to reconsider the
form of the D expression, and, in fact, to recast it in a more general manner. Because the
driving force for blister propagation has consistently been expressed by the Ph term, it is
natural to define the term Ph as the independent variable in this expression.
D=f(Ph) (25)
We will now approximate D with a Taylor series expansion in Ph. Truncating the Taylor
91
expansion a, the second order ,e, m and substituting this into our genera, Adynamic
model, equation 15 (again neglecting elastic strain energy or creep), we end up with an
overall expression:
(26)
PV=yA+\j3
]
{Ph)
2
+j3
2
(Ph)
[f equation 26 is then rearranged and a linear blister growth geometry is again
considered, then we wind up with an expression for the dependence of the blister growth
rate on Ph as follows:
{Ph-y) <27 >
where ft and arc proportionality constants representing geometric factors and
constitutive relationships.
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Figure 4-18 Growth rate vs. Ph. ( - ) Least squares fit of the data
with equation 27.
From figure 4-18 it can be seen that equation 27 fits the experimental data rather well,
with an R2 value of 0.91 (Table 1). From figure 4-18 it can be seen that a critical drivi
force (Ph) of 168 J/m 2 represents the minimum driving force necessary to initiate
propagation.
Table 4-1 Fitting parameters related to the least squared fit shown in
figure 4-11.
Y (J/m
2
) Pi P2 R
2
5.43 x 10° 6.23 x 10"5 -1.05 x 10" 2 0.91
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The p, and p2 terms have been presented as being representative of the
viscoelastic dissipation in the growth front. Ow.ng to the unknown nature of these terms,
it is as yet difficult to assign a physical interpretation to their values. Further stud.es on
this system will be necessary to elucidate the physical nature of these terms.
4.5.4 Anomalous Height Effects
As previously mentioned, figure 4-13 suggests a discrepancy in the behavior of
the growth front at lower spacer heights. It was also shown in figure 4-14 that this
anomalous behavior was accompanied by a shift in the geometry of the blister growth
front for the lower spacer height. In order to more fully understand the effects of blister
growth geometry on blister growth rates we analyze the forces acting on the blister
growth front as a function of spacer height.
In all general treatments of the CBT the term Ph is used as a description of the
applied driving force, with the implicit assumption that P and h are interchangeable. This
description tends to hold for those heights above a critical level (0.4mm in this case), but
seems to break down below this value. In order to analyze the effects of geometry we will
incorporate a force vector analysis, as opposed to the total energy arguments used
previously in this work.
Figure 4-19 shows a free body diagram of the blister front at some time t0 ,
illustrating the forces acting on the film and the reaction forces opposing these applied
forces.
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R.
Figure 4-19 Free body diagram illustrating the forces acting on the
blister growth front and the resistive forces acting at the
film/substrate interface.
From the free body diagram in figure 4-19 it can be seen that two relevant forces act to
de-bond the film from the substrate, F, and F„. F, acts in a vertical direction and tends to
act on the film in a mode I capacity. F„ acts in a honzontal direction and tends to act on
the film in a mode II capacity (a shear mode). These forces can be calculated as:
Fj=Phw (20)
F„ = Prw (21)
FT0T =Fj + Fu (22)
FTOT =Pw^(h 2 +r 2 ) = Pwc (23)
where c is the hypotenuse of a triangle which has h as one leg and r as the other. It is
important to consider the existence of this mode mixity (simultaneous action in mode I
and mode II) and its potential effects on energy dissipation and blister growth rate.
The ratio of mode I to mode II forces is directly related to the geometry of the
blister growth front (i.e. the angle of peel, sin(8) = h/c). Table 4-2 illustrates the
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differences between the various height data for a constant applied pressure of 0.45MPa
(65psi)
Table 4-2 Forces acting on the blister growth front for P = 65psi at
different heights.
h (mm) FT0T (lb/mm ) F|/F„ h/c
0.314 1.33 3.18 0.3
0.417 1.43 2.51 0.37
0.509 1.73 2.51 0.37
Because the h = 0.417mm data and the h = 0.509mm data exhibit the same blister
growth front geometry (peel angle), they also exhibit the same ratio of mode I to mode II
acting on the film. This is very important because it is a well established fact that
polymeric materials are much tougher when loaded in a mode II capacity vs. a mode I
capacity (e.g. they dissipate more energy in mode II loading). The h= 0.314 however,
distributes a disproportionately higher amount of the overall applied force (FTOT ) to mode
I. Because mode I allows for a more efficient de-bonding of the film from the substrate,
we might expect this to manifest itself as a higher growth rate for a given applied force.
This is in fact what is seen in figure 4-13, with the h = 0.314mm data exhibiting a higher
growth rate for a given energy input (Ph) than would be expected from the overall trend
of the other two heights.
The overall result of this analysis is that P and h are not always interchangeable,
as is assumed by several theories72 ' 74
,
and in fact are only interchangeable under
conditions in which the blister growth front geometry is constant (i.e. the data for h =
0.417mm and h = 0.509mm). It is also clear from this that the critical height illustrated in
figure 4-14 which marks the change in blister growth front geometry does in fact mark a
96
shift in the fundamental mechanisms of blister de-bonding, shifting to greater and greater
mode I detaehment over mode II. This mode I detachment is more efficient and this
therefore manifests itseif as a disproportionate increase in growth rate at these lower
spacer heights for a given energy input (Ph). Researchers have previously neglected this
transition, choosing to attempt to fit the entirety of the data in figure 4-13 with one
overall theory. Given the apparent curvature in the data in figure 4-13 these treatments
have been exponent 72 or parabollc 74in nature
. Nm on]y^^
the fundamental shift in de-bonding mechanism over a range of he.ghts, the, theoret.cal
derivations are flawed, including an assumption by Napohtano that the size of the damage
zone (per unit width) would be a function of the overall radius of the blister. This would
lead to a steadily increasing rate of energy dissipation and a steadily decreasing rate of
blister propagation with time, an assertion that is clearly not supported by the data (Figure
4-9).
4.6 Conclusion
The modification of the standard circular constrained blister test to a linear
constrained blister test allows for significantly greater ease of testing and greater
reproducibility in the data. The use of this style of blister test allows for the measurement
of adhesion in a quantitative manner, and allows for the application of thermodynamics
and engineering mechanics to represent that growth mathematically. The theoretical
treatment set forth in this chapter represents a general description of what is known about
the de-bonding process. It has been shown that explicit derivations of the overall
thermodynamics of the system including stored elastic strain energy, inelastic creep
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dissipat.on, and energy diss,pa,,„„
,„ a process zone ahead of the blister growth Iron, arc
insufficient to ft ,he experimental data ,n a satisfactory manner. 1, has. however, hccn
shown that a good empirical fit of the data can he obtained hy a Taylor scries expansion
of the inelastic energy term D in terms of Ph. The physical interpretation of this
expansion is as yc. unknown and will require more experimentation to elucidate.
It has further been shown that the assumption that P and h are generally
interchangeable in this process is incorrect, and that in fact P and h arc only
interchangeable in specific instances where the blister growth from can be shown to
propagate at a constant peel angle. I, has been shown that as the peel angle changes (e.g.
h/c changes), the ratio of mode I to mode II forces acting on the film changes. This shift
from mode II to mode I alters the fundamental physics of the de-bonding process, and
therefore disrupts the P-h interchangeability.
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CHAPTER 5
FIBER-REINFORCED COMPOSITES
5.1 Introduction
Having exploited the properties SC C02 as a processing aid in the fabrication of
novel structural materials in a previous chapter, our interests turn to the possibilities of
further enhancing our repertoire of SC C02 processes by including chemistry. In the
early 1990's a novel technique for the synthesis of polymer blends was developed by
Watkins and McCarthy 1. This technique involves the in situ polymenzation of a
secondary polymer phase within the bulk of an existing polymer substrate utilizing
supercritical SC C02 as a reaction medium. The details of this technique have previously
been discussed in section 1.2.4 of the introductory chapter of this thesis.
Of particular interest to us is the previous work by Dr. Chuntao Cao in the area of
SC C02 synthesized blends of poly(4-methyl-l-pentene) (PMP)/ polynorbornene(PN) 4
Previous studies of this type of synthesis indicated that C02 and monomer penetrate only
the amorphous regions of semi-crystalline polymers 1 ' 2
. This then leads to blends
wherein the secondary polymer phase exists only in the amorphous regions. A corollary
of this fact is that any order or orientation within the existing crystal structure will tend to
template the deposition of the secondary polymer phase. Cao was the first to show direct
evidence that a strongly lamellar structure within the PMP crystal structure templated the
polymerization of the PN phase in an ordered way (Figure 5-1).
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Figure 5-1 TEM micrograph of PMP/PN blend illustrating a
templating effect by crystalline lamellae
4
PN is stained black with
Os04 .
This is an exciting result considering the recent wealth of research aimed at the
nanometer scale modification and reinforcement of polymeric matenals. The limitations
of the matenals synthesized by Cao are that the highly structured regions produced are
very localized, with no long-range order. This absence of long-range order in the
secondary polymer phase (PN) is directly related to the absence of long-range order in the
crystal structure of the PMP substrate, which is an isotropic material. Therefore, in order
to impart long-range order to the secondary polymer phase, a substrate must be chosen
which exhibits a significant long-range order in its existing crystal structure. In order to
meet this requirement and, in keeping with our overall goals of studying structural
composite materials, it was decided in the current work to apply this technique to the
fabrication of fiber-reinforced composites. Commercial organic fibers exhibit significant
long-range order and orientation in their crystal structure. By taking advantage of this
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om matrix to
inherent order, and by including (hi, ,„ an overall
.scheme
,« fabricate fiber-reinforced
eomposi.es, i, is poss.ble to create composite materials that exhibit ultra long-range order
from the nano-scale to the macro-scale.
The true strength of any composite comes from its fiber
.enforcement.
Therefore, regardless of the composite fabrication technique employed, superior
composite strength cannot be attained without excellent adhesion between fiber and
matrix 79. Without this adhesion, load cannot be efficiently transferred fr<
fiber, and poor composite propert.es will result. Oven that fiber and matrix are generally
incompatible, fibers are usually pretreated with compatabalizers called sizings to ensure
adhesion between fiber and matrix. There are a w.dc variety of fiber sizing techniques.
Glass fiber is most often treated with organo-si lanes, which form a covalent attachment to
the glass and produce an organophilic surface for the matrixSO. Although some organic
fibers ut.lize small molecule sizings similar to the organo-si lanes, many require oxidative
etching of the surface either by acid treatment or plasmaS 1 , 82 Tne oxidized surface
presents organic functionality to the resin, allowing for covalent bonding. Fiber sizing is
expensive and utilizes environmentally toxic chemistry. Having the capacity to fabricate
composites from unsized reinforcing fibers would simplify fiber processing and diminish
the use of environmentally unfriendly processes.
In this work we investigate the feasibility of employing SC C02 as a reaction
medium during composite fabrication. In addition to wetting fiber surface, the SC C02
allows the resin to penetrate the fibers themselves, creating an interwoven structure
between fiber and matrix. The fabrication of these composites will be discussed,
including technique and processing parameters. The morphology and mechanical
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propen.es of these unique competes are stud.ed in some detail w„h respect to a mode,
Nylon 6,6/ PMMA composite. ,n addition,
,he scope and i.m.tations of this technic are
dtscussed with respect to three add,t,onal fibers, PP. PET, and HDPE.
5.2 Experimental
Nylon 6,6 fiber (Xc= 44%), Polypropylene (PP) fiber (Xc=50%), High Density
Polyethylene (HDPE) fiber (Xc= 80%), and Polyethylene Terephthalate (PET) fiber (Xc=
39%) were all obtained in the form of woven fabrics. The PET fabnc was unidirectional,
while all of the other fabrics were bi-directional. Methyl methacrylate (MMA) monomer,
styrene monomer and tertiary butyl-peroxybenzoate (TBPB) were obtained from Sigma-
Aldnch. MMA and styrene were distilled over reduced pressure before use. Coleman
grade Carbon Dioxide was purchased from Merriam Graves and used as received.
Composites were fabricated in a custom high pressure apparatus specifically
designed to allow the application of a compressive force to the samples while in the
presence of SC C02 under controlled temperature and pressure as described in chapter 2
of this thesis. The design of this apparatus allows the composites to be fabricated in a
manner similar to that of a standard reaction injection molding (REvl) or resin transfer
molding (RTM) technique.
Because polymerizations will be undertaken in these experiments, it is necessary
to incorporate some manner of mold release so that the reaction vessel will not be "glued"
shut after the polymerization. To this end, one layer of tin foil is placed in the bottom of
the reaction vessel with a layer of Kapton film over that. Identical layers of Kapton and
tin foil are then placed on the upper portion of the reaction vessel(with holes to allow for
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C02 penetration) (Figure 5-2).
Tin Foil
Kapton
Fabric Plaque
Katpon
Tin Foil
Figure 5-2 Schematic diagram illustrating preparations for fiber-
reinforced composite fabrication.
Three to five layers of fabric (4.0 g to 5.0 g depending on the fiber),are stacked to form a
flat, rectangular plaque (9 cm x 5 cm), then placed in the mold. To the fabric, 45ml of
MMA or styrene (with 300: 1 ratio of TBPB initiator) is added to just cover the fibers.
The mold is then closed and placed in the PHI press with between 0.3 MPa and 3.0MPa
of compressive load (as measured from the press's load indicator). The 0.3MPa load is
intended only to keep contact between fiber layers without compressing them, whereas
the 3.0 MPa load is intended to compress fabric layers and limit free volume in the vessel
The inlet valve is closed during the application of compressive load so as to keep liquid
monomer from squeezing out of the vessel. C02 is then introduced to the vessel via the
inlet valve at a pressure between 10 MPa and 14 MPa (1500 and 2000 psi) at room
temperature (the large upstream pressures keep liquid monomer from being released
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<2 pressure is then dropped slowly to 0 MPa over a 15h period. Th,s long
during the pressunzation of the reaction vessel). The inlet valve is then closed creating a
closed system. The temperature is ramped to 65 *C (with a commensurate mcrease in CO
pressure) and allowed to equilibrate for 4h. The temperature is then increased to , 10 °C
for 6h to initiate polymerization. After reaction the temperature is a.lowed to drop slowly
and the inlet valve is then reopened to dynamic pressure control from the ER3000. The
CO
depressunzation period is necessary to prevent foaming of the matrix material.
Composite samples were potted in epoxy and polished on a polishing wheel for
analysis on an optical microscope. Transmission electron microscopy (TEM) was done on
a JEOL 100CX instrument at lOOkV to monitor changes in micro-scale fiber morphology.
Samples fabricated with styrene as matrix resin were cryo-microtomed on a Reichert-
Jung FC4 Cryo-Ultramichrotome and stained with ruthenium tetroxide vapor for 30
minutes to provide contrast.
Small angle X-ray scattering was run on a Rigaku RU-H3R Rotating Anode
Diffractometer with a multi-layer focusing optic and evacuated Statton type camera to
determine fiber long spacings. Differential Scanning Calorimetry (DSC) was conducted
on a TA Instruments machine with a DuPont modulated DSC attachment. Gel permeation
chromatography was run on a Polymer Laboratories LCI 120 with a refractive index
detector.
Composite plaques, 45mm wide x 80mm long, were cut into three strips 15mm
each with a circulating band saw. For tensile tests these specimens were cut into
dogbones with a 25.4mm gauge length using a template and router. Mechanical testing
was executed on an Instron 1 125 at 5 mm/min. Crosshead displacement was used to
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monitor strain. Data is the average of three successful tests.
Four-point bend test samples were tested as rectangular bars per ASTM D790.
The test specimens averaged 80 mm long and 15 mm wide. The contact pins were set up
with a lower spacing of 66mm and an upper spacing of 22mm, this arrangement
prevented slippage and suppressed shear. Samples were tested at 2 mm/mm.
For the purposes of damage analysis, additional tensile specimens were loaded to
25% strain, and then un.oaded. These samples were subsequently cross-sectioned with a
diamond saw, polished, and analyzed on a JEOL 35 scanning electron microscope
(SEM).
5.3 Morphological Characterization
is run
5.3.1 Fabrication Process
The SC C0 2 assisted composite fabrication technique discussed in this work is
similar to that of a RIM or a RTM process, with the obvious added condition that it
under pressure. As SC C02 is known to decrease the viscosity of polymers and/or
prepolymer during flow83, it is conceivable that with this apparatus, more viscous resins
could be employed in rapid infusion of preforms much like a RIM process. However, the
secondary effects of fiber impregnation requires long cure schedules, similar to a RTM
process. Although MMA and styrene thermoplastic resins are used for these experiments,
the technique is applicable to many resins that may be of higher viscosity or thermoset in
nature.
In the first step of this process resin (reactive monomer) and thermal initiator are
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supplied to the m0.d containing the fiber prefer, (45ml of MMA or styrene in this case).
In the case of low viscosity resins Hke MMA or styrene, excellent wetting occurs almost
immediately. The second step of the process is the pressurization with C02 and
known, a reasonable upper and lower bound can be calculated based on the volume of the
reaction vessel and any available head space. From these calculations it is expected that
the C02 content in the reaction vessel is between lOg and 50g (depending on the applied
compressive load). Lora and McHugh84 have extensively §tudied ^
equilibria and have shown that this system exists as a single phase throughout this entire
range of concentrations. The C0 2 is expected to lower the v,scosity of the MMA and
allow it to more readily wet all of the fiber surfaces. In addition, the C0 2 also swells the
fibers, carrying resin and initiator in with it. Resin partitions itself only in the amorphous
regions, avoiding the denser crystalline regions22
.
After equilibration, the polymerization begins by increasing the temperature to
110 °C. The radical chain polymerization that ensues is heterogeneous in nature owing to
the fact that although most small molecules are soluble in C02 , polymers are not.
Therefore as the growing chain reaches a critical molecular weight, it precipitates. The
PMMA polymerized in this manner was analyzed via gel permeation chromatography
(GPC) and determined to have a Mw of 493,000 with a PDI of 2.24.
The bulk of this research is focused on one particular model system of Nylon 6,6
fiber reinforcement and PMMA matrix. Complete morphological characterization as well
as mechanical evaluation is carried out in order to understand the effects of composite
morphology on mechanical response. The final section of this chapter will focus on the
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scope and Stations of this teCh„,que as it appUes ,o ,he three other Gber systems PP,
PET, and HDPE.
5.3.2 Optical Microscopy and SAXS
After fabncation, the Nylon 6,6/ PMMA samples were cross-sectioned on a
wafenng saw and analyzed via optica] microscopy. For purposes of companson a control
was fabricated as descnbed prev.ously with a minimal compress.ve force (sufficient for
intimate fabnc contact) and no C0 2 was employed. Small angle X-ray scattering was also
performed in order to measure the fiber long-spacings. Highly drawn organic fibers
exhibit SAXS reflections due to the long-range order in their crystal structure along the
fiber axis. This reflection is referred to as the long-spacing, and is a measure of the
average crystal to crystal distance along the axis of the fiber.
The nomenclature invoked in this study is as follows, a control composite with
28 micron diameter fibers is termed "CC28" : a C02 fabricated composite with 37
micron diameter fibers is termed "C0237", and so on. This terminology is necessary as it
is impossible to directly refer to the amount of fiber modification, and therefore the
of the fiber is referred to as being indicative of the extent of modification. In the control
composite (CC28) (Fig. 5-3.A), integrity is good with excellent wetting of the fabric and
no obvious voids. This is not surprising given the low viscosity of the MMA. The fibers
themselves are unchanged with an average diameter of 28microns and a long spacing as
measured by SAXS of 73A, both identical to the unmodified Nylon fabric (Figure 5-4).
The volume fraction of fiber in this sample is 75% as measured optically by cross section
(Table 5-1).
size
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gure 5-3 Optical micrographs of polyamide 6,6/ PMMA
composites. A- CC28, B- C0237, C- CO2103.
Table 5-1 Effects of compressive load during fabrication of
polyamide 6,6 / PMMA composites.
Sample
Compressive
Load (MPa)
Avg. Fiber
Diam. (urn)
Fiber Content
by vol. (%)
CC 0.3 28 75
C0 237 2.8 37 85
CO 2 103 0.3 103 81
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Figure 5-4 SAXS patterns of various Nylon 6,6/PMMA composites
exhibiting a steadily increasing fiber long-spacing with degree of
modification.
The next composite (C0237) (Figure 5-3.B), was fabricated with the use of SC
C0 2 at 14 MPa (2000psi) C02 pressure and 2.8 MPa (50001bf) of compressive force. In
this sample we see a pronounced increase in the average fiber diameter from 28 microns
to 37 microns and the long spacing is increased to 75A from 73A. The percent fiber
volume has also increased significantly to 85%. This increase in fiber diameter and
corresponding increase in long spacing are attributable to a swelling of the fiber with
MMA monomer and ultimately with polymerized MMA. It is important to note that no
void formation is apparent within the fibers.
It is also apparent in composite C0 237 that the fibers have grown to the extent
that they have impinged on each other. The growth in these fibers was apparently
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inhibited by the volume constraint put on the fibers by the initial compressive force In
order to venfy this relationship between initial compress.ve force and fiber swelling a
third composite, (CO2103) (FlgUre 5-3.C), was fabricated, in the presence of SC C02 with
minima, compressive force. Under these unconstrained conditions, the fiber diameter
increases to 103 microns with an .crease in long spacing to 83A. A.though the fibers in
composite CO2 103 have grown to touch each other, they have not deformed to
completely fill volume as composite C0237 did, this is observed ,n the drop in fiber
volume to 81% from the 85% of composite C0237.
These results indicate a degree of control over both resin uptake in the fiber, as
well as overall fiber volume in the composite (Table 5-1). Th 1S control is important given
that fiber volume is an important factor in the final mechanical properties of the
composite. The control over resin uptake is also very important, as this will certainly
affect the mechanical characteristics of the fibers themselves.
5.3.3 Thermal Analysis
As discussed in the previous section, the long spacing as measured by SAXS
seen to increase with the increase in fiber diameter. In fibers like these the long spacing is
a measure of the thickness of crystalline lamellae plus amorphous region. Except in the
case of extremely high performance fibers like Kevlar or Dynema, the amorphous region
is generally significantly larger than the crystalline region. Given that some semi-
crystalline polymers have been seen to anneal during SC C02 processing at elevated
temperatures20
,
it is important to verify that increases in long spacing are not due to
annealing of crystals. To verify this, a control experiment was run with Nylon fabric
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soaked in SC C02 under identical thermal conditions as the composite fabrication
d.scussed previously. The results of DSC anaiysis showed tha,
.here was no change in
pereen, crystaihn.ty or melting ,emperature of ,he Ny,on as compared to ,he untreated
Nylon fabnc (Figure 5-5). These resuhs ,nd,ca,e tha. Ny,on crystaN.nuy does not ch,
simply by processing it at elevated temperatures in SC CO,.
ange
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Figure 5-5 DSC curves for Nylon 6,6 fabric before and after
soaking in SC C02 at 115°C.
Semi-crystalline polymer fibers owe a great deal of their strength to the crystal
structure itself. Therefore, any destruction of crystallinity due to the process of
fabricating the composites would have a profound effect on the mechanical properties of
the fibers and ultimately the overall composite. The weight percent of actual Nylon in the
final composite is a crucial value that is necessary to determine the percent crystallinity of
the modified Nylon via DSC. As the Nylon and matrix poly-methyl methacrylate
(PMMA) cannot be separated without destruction of morphology, they must be analyzed
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as a unit. Gravimetric techniques for calculating percent nylon in the composites are
con^te after fabrication. WAXS is another techntque that can be used to determ.ne
percent crysta.Hmty, and would be easily utilized in this case. Unfortunately, a strong
amorphous halo attnbuted to the PMMA overshadows any scattering from the nylon
crystal structure, thereby making the technique useless.
A thermal cycling experiment was designed to extract the thermal propert.es of
the Nylon from that of the overall composite. As a point of reference, Nylon fabric was
Placed in the DSC and heated to 280°C at 5° per minute, (Tm = 258°C). The temperature
was then held at 280°C for 10 mmutes to completely erase the Nylon's initial thermal
h.story. After the ten minute hold the sample was cooled at 5°C per minute back to room
temperature. After cooling the sample was then reheated at 5°C per minute to 280°C, and
subsequently cooled again (Figures 5-6, 5-7).
300
100 150 200
Time (min.)
Figure 5-6 DSC experimental method used for cyclic-heating
analysis.
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Figure 5-7 Full DSC curves illustrating the cyclic-heating analysi
used to determine percent crystallinity of nylon in composites.
g was
Nylon fiber crystallinity was then calculated based on the first heating cycle to be
45%. The 280°C hold and subsequent cooling then served to erase the initial thermal
history and impose a known thermal history on the Nylon. When the second heatin
undertaken, this known thermal history was seen to produce a percent crystallinity of
35% in the Nylon. Given that the percent crystallinity is a function of the crystallization
kinetics and the thermal history, this standard thermal history will always produce the
above stated 35% crystallinity.
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Figure 5-8 Heating only curves for DSC cyclic-heating analysis of
pure polyamide 6,6.
Using the Nylon reference information from figure 5-8, a sample of
Nylon/PMMA composite was placed in the DSC and submitted to the same thermal
cycling expenment discussed. The constrained composite, C0237, was chosen for this
expenment because it possesses the most promise for a practical composite system with
minimal fiber modification.
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Figure 5-9 Heating only curves for DSC cyclic-heating analysis of
polyamide 6,6/ PMMA composite.
It is important to note that although the PMMA adds mass to the sample, it does
not produce any endotherm or exotherm of energy over the melting range of the Nylon. In
this case the energy absorption measured on the initial heating cycle, although completely
related to the Nylon, could not be used directly to calculate the percent crystallinity
because the exact mass of the Nylon in the sample is unknown. However, after erasing
the thermal history and the imposing of a known thermal history as discussed, it is
assumed that the Nylon in the composite sample should produce the same percent
crystallinity as that seen in the second heating of the control experiment, 35% (Figure 5-
9). With the knowledge then, that the second heating endotherm of the composite
corresponds to Nylon with a percent crystallinity of 35%, one can then back calculate the
mass of Nylon in the composite based on the heat of fusion of Nylon, 190 J/g. Once the
mass of the Nylon in the composite is known, the initial heating endotherm of the
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composite can ,he„ be analyzed and a percent crystallinity of the modjf,ed^
determined, Table 5-2.
Table 5-2 Experimental and calculated results of DSC
analysis.
cyclic-heating
Endotherm 1
Sample Heat (J/g) Tm(°C) %CryS t.
Nylon 6,6 84.7 258 45
Composite 40.3 257 44*
Endotherm 2
Heat (J/g) Tm(°Q %Cryst
66.9 259 35
35.6 259 35**
* Calculated from results.
** Assumed to be equal to Nylon 6,6 endotherm
2
*** All calculations consider PMMA mass loss during experiment.
Based on these results the weight percent of Nylon in the composite is calculated
to be 43%. This is different from the more conventional fiber volume parameter reported
earlier, as that was based on the swollen fiber size, and did not take into consideration the
PMMA inside the fibers. This weight percent was corroborated by a rough gravimetric
analysis that put the weight percent at 40%. The percent crystallinity of the modified
fibers was calculated to be 44%, as compared to the unmodified fiber crystallinity of
45%. This technique was additionally corroborated by placing a known mass of PMMA
and a known mass of Nylon 6,6 into the DSC pan and repeating the experiment. These
results accurately identified the percent crystallinity of the Nylon within 2%. Given the
accuracy of the experiment it is reasonable to conclude that the modification of the fibers
does not significantly reduce crystallinity.
There is an interesting artifact in the thermal analysis data that needs to be
addressed. It is known that Nylon 6,6 often exhibits a double melt peak, (Figure 5-8).
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crys,a, structure,, only d.ffenng ,n their degree of order. The more ordered a, phase ,s
ereated during crystallization above 220°C, while the less ordered «2 phase is due ,o
crystaH.zat.on that occurs below WOT. Our control Nylon exhibits this double peak ,n
bo,h noting endotherms. The modified composite, C0237, only exh.bi.s the double peak
on Che second endotherm, and then no, nearly as pronounced. Initially this was iaken to
be a s.gn of changing crystal structure in the mod.fied fibers, however, the control
composite CC28, exhibits exactly me same behavior. Since the control composite, CC28,
is known to be unmodified, this led to the conclusion thai the absence of the second peak
is likely an artifact of the experiment and is not a significant ind,ca,,on of changing
crystal structure.
5.4 Fiber Morphology
As mentioned earlier, the resin that impregnates the fibers is preferentially
partitioned into the amorphous regions of the fiber. This preference opens up the
possibility that very ordered crystalline systems could template the polymerization of
resin. Figure 5-10 shows a TEM micrograph of a longitudinal section of a fiber in a
Nylon 6,6/ PS fiber composite. The styrene phase is preferentially stained dark with
ruthenium tetroxide. The PS appears in bands, sometimes bead like, which have a
preference to align from top left to bottom right.
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Figure 5-10 TEM micrograph of an axial cross-section of Nylon
6,6/ PS composite illustrating the conrolled deposition of PS within
the fiber. PS stained black with Ru04 .
This image supports the earlier assertion that the crystalline structure is not
destroyed in this process, as can be see from the white crystalline regions in the TEM
micrograph. It is apparent from this image that even though the Nylon is only 45%
crystalline, it templates the polymerization of the PS to some extent. This templated
polymerization creates a fairly ordered morphology wherein Nylon crystals are reinforced
with PS. This morphology leads to a situation wherein the composite exhibits an ordered
structure not only on the macro scale of fiber reinforcement, but also on a nano-scale of
crystal structure reinforcement. This ultra-long range order, from the nano to the macro-
scale is very interesting and will no doubt have significant ramifications on mechanical
behavior in these systems.
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5.5 Mechanical Properties
In .he fo„ow,„g work, ,he mechanica, properties of these unique fiber-reinfeed
composite are s.ud.ed. These composes are fabncated from Ny,„n 6,6 and PMMA ,„ ,he
presence of SC CO, The tiexural and tens.le properties of ihese composites will be
evaluated and the evoiution of damage will be analyzed using a combination of cycHe
loading and microscopic analysis.
When attempting to evaluate the mechanical behavior of these composites it
should be recognized that a distinct hierarchical structure ex.sts over many length scales
resulting in a composite with ultra-long range order. The individual nylon filaments
provide a crystalline scaffold that is reinforced on a nanometer length scale with PMMA.
Note that both the crystal structure and the PMMA nano-remforcement templatcd within
the filaments are anisotropic and oriented along the fiber direction of the laminate. At a
larger length scale, the modified filaments are configurationally positioned within a
PMMA matrix in accordance with the lay-up sequence imposed by each ply of fabric
laminate structure. At the largest length scale the propert.es of the laminate arc a
combination of the properties of each constituent and overall lay-up sequence. It is also
reasonable to assume that significant amounts of matrix polymer penetrate across the
fiber/matrix boundary. This 'stitching' across the interface is expected to have a
significant effect on fiber/matrix adhesion and subsequently on stress distribution
throughout the composite.
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5.5.1 C02 Effects and Removal
Carbon d.ox.de has solubility in PMMA of 12-15% (14MPa, 40»C) by mass
under sanction cond, t,o„ s87. Dependlng on s£vera| aspects ^^ ^
including the depressuriza.ion schedule and the thermal h.story, i, is possible t0
kmetically trap s.gnificant amounts of CC, in the vitrified polymer (up to 8%) after
process,ng88. This ,s a d.rect result of the temperature and concentration dependence of
C02 diffusivities in glassy polymers^ The tranneH rn ho;F j ,in capp d C02 has a significant effect on the
properties of the polymer. The glass transition temperature drops", 12 due t0 a
in free volume. Similarly a significant reduction in the stiffness of the material
observed. Our own research indicates that 8% residual C0 2 leads to a 38% drop in
modulus and a 42% drop in ultimate strength of PMMA (Figure 5-1 1). Because of these
effects, it is imperative that all C02 be removed from the samples after processing so as
to regain the original unplasticized material properties.
n increase
is
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1
Stress vs. Strain curves for PMMA plasticized withC02 illustrating the effects of plasticization on mechanical
properties.
C02 can be easily removed by heating the samples to temperatures above 1 10°C
(the approbate T
g of unplasticized PMMA). However, this approach can lead to
coalescence and subsequent rapid expansion of C0 2 , "foaming"91.
The alternative approach adopted herein was to post-treat the samples at 140°C in
a high-pressure nitrogen atmosphere (14 MPa). The nitrogen produces a necessary C02
concentration gradient from polymer to headspace while the large hydrostatic stresses
suppress foaming. The presence of residual C02 was monitored via thermo-gravi metric
analysis (TGA) (Figure 5-12). The sample tested in figure 5-12 exhibited 3% residual
C02 after initial processing, after post-treatment in N 2 no residual dissolved gasses were
present.
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Figure 5-12 TGA curve of C02 plasticized PMMA before and after
nitrogen post-treatment. (- Before, After)
5.5.2 Flexural Response
Previous work on these systems indicated that after fabrication in SC C02 the
nylon fibers showed an increase in the lamellar long spacing (as measured by SAXS) in
addition to significantly increased diameters (Figure 5-13). Associated with the increase
in fiber diameter is a slight drop in effective nylon concentration in the composite, this is
because the "fiber" is now a composite as well.
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Figure 5-13 Fiber long-spacing vs. fiber diameter for various Nylon
6,6/ PMMA composites.
Since fiber content is an important factor for composite properties it is necessary to keep
these changes in mind during this analysis^. It was also determined prev.ously that the
degree of actual fiber modification is proportional to the magnitude of the constraining
force applied during fabrication. Mechanical testing was performed on specimens
representing two different degrees of fiber modification together with a control composite
(fabricated without C02).
Four-point bend tests were carried out as described in the experimental section of this
paper (Figure 5-14). The flexibility of all three composites are such that they could not be
taken to failure in the test fixture. Therefore, only flexural modulus will be discussed.
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As can be seen in figure 5-15, the flexural modulus actually increases slightly after a
modest modif.cat.on to the C0229. Further mod.f.cation in the CO230 specimen leads to
significant increases in ductility and a decrease in modulus. Although this increase in
ductility does correspond to a drop in fiber content, this drop in content is small and is
unlikely to explain fully the increase in ductility.
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Figure 5-15 Flexural modulus vs. fiber diameter for various Nyl
6,6/ PMMA composites.
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5.5.3 Tensile Behavior
The results of the tensile tests are shown in figure 5-16. The control composite
(CC28) exhibited a modulus of 1.2 GPa and showed many regions of localized unloading
and reloading (typical of localized failure) before catastrophic failure. Failure began at
20% strain with individual filaments failing and continued to 60% strain by which time
the stress had dropped by 25% from its peak value before catastrophic failure.
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Figure 5-16 Stress vs. strain curves for dogbone tensile test, of
vanous Nylon 6,6/ PMMA composites.(- CC28 CO 29
CO230)
The flexural and tensile properties are summanzed in Table 5-4. The first C02
fabncated composite (C0229), had a slightly lower initial modulus, dropping to l.lGPa.
It retained the same strain to failure of 60%, but increased its peak stress by 15%. The
most interesting aspect of the C0229 result is the obvious transition in the failure
mechanism. The C0229 composite exhibits an affine deformation with no localized
failure regions up to a peak stress of lOOMPa before failing catastrophically. The CO230
composite also shows the affine response of the C0 229 composite, however its ductility is
significantly increased. The modulus is seen to drop to O.SlGPa with an increase in strain
to failure to 90%. This increase in ductility is similar to that seen in the flexural
evaluation of these composites. Due to this increased ductility, it is also noted that the
rupture energy increases 33% from the 34 J/m 3 for the CC28 specimen to the 46 J/m3 for
the CO230.
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5.5.4 Damage Characterization and Mechimisms
Ml composite specimens tested in tension were shown to fail with massive
fibrillation such thai post-test fractographic analysis of the damage mechanisms was
difficult. Therefore, in order to monitor early stages of damage in these systems, samples
were loaded to 33% of .he control composites failure strain, (25% strain), and unloaded
(Figure 5-17). Alter unloading the samples were cross-sectioned, (both parallel and
perpendicular to the load direction), with a diamond saw, polished, and analyzed via
SEM.
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Figure 5-17 Cyclic loading of Nylon 6,6/ PMMA composites for
use in damage assessment. (- CC28; —- C0229; CO230)
When the composites were cross-sectioned perpendicular to the load direction, it
was immediately obvious that the control composite (CC28) had undergone complete
delamination between plys at 25% strain (Figure 5-18). In addition, bottle circumferential
microcracks were observed around each filament in the bundle of fibers. However
PMMA coated each filament indicating that the PMMA has good adhesion to the nylon
even in the control composite.
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Figure 5-18 SEM micrograph of CC28 composite transverse cross-
section after cyclic-loading. Illustrates complete inter-ply
anamination and matrix cracking.
z0ku xiege ei28 iftTnr.im
Figure 5-19 SEM micrograph of C0229 composite transverse cross-
section afer cyclic loading.
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In contrast, the C0 229 composite is seen to have retained its overall
^structural integrity, and in fact exhibits very Httle damage at a., (Figure 5-19) At
the length scale of the individual filaments no circumferenti,
nncrocracks are observed
This suggests that either the PMMA matrix is now modified by amorphous ny,on
(thereby increasing its toughness) and the stiffness mismatch between the new compete
fiber and matnx is reduced, or the interface reglon between fibers is reinforced by
polymer stitching and diffusion. The CO230 specimen is consistent with the C0 229 in
that very Httle damage is present over all length scales. Parallel cross-sections exhibit a
similar trend, with massive inter-ply failure for the CC28 specimen, but very Httle
damage for the C02 processed composites.
5.5.4 Structure-Property Relations
At this point it is important to try to understand the mechanical properties of the
SC C02 fabricated composites in light of our understanding of their morphological
character. The first observation is that as PMMA is deposited into the fibers, composite
ductility is increased. This can be explained by considenng amorphous orientation in
these fibers. Although the amorphous orientation has not been directly monitored, it is
expected that as the fiber swells in size, amorphous chains that were previously oriented
in the fiber direction will tend to rotate away from the fiber axis. Since nylon fibers draw
a significant amount of their strength and stiffness from oriented amorphous regions,
reduction in this would have a detrimental effect on its overall stiffness92
. In keeping
with this argument, the tensile modulus is seen to continuously drop with degree of fiber
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effect that tends to suppress fiber buckling in compress,on, and ,oss of stiffness due
dttntnished amorphous onentatton. W,th modes, PMMA modification, the re.nforcn
effects outweigh the detnmenta, ,oss of onentatton whereas for the further modified
CO,30, the loss of orientation is seen to dominate.
The second general observation is that C02 - fabncated composites are more
eapable of distributing stresses uniformly across the entire sample. The tensile stress-
strain curves exhibit a transition from heterogeneous failure for the control composite to
homogeneous, affine deformation and failure for the C02 - modified composites. The
heterogeneous failure of the CC28 specimen is due to localized failure of portions of the
composite (fibers or matrix) before catastrophic failure. This is evidenced in the SEM
micrographs (Figure 5-18), by significant matrix cracking and failure a, strains as low as
25%. In contrast, the C02 modified samples deform uniformly and tend to show little
evidence of localized failure before the ultimate stress is reached. Further, failure occurs
simultaneously in both the matrix and fiber. The difference is in the co-continuous nature
of the C02 composites. The matrix cracking observed in the CC28 composite may be
attributed to the mismatch in stiffness across the matrix/fiber boundary. This may lead to
stress concentrations in the matrix and then to cracking and failure. By blurring the
boundary between fiber and matrix, the SC C02 fabricated composites are able to
suppress this microcracking by distributing the stresses in a more gradual and uniform
manner. This allows the C02 composites to attain ultimate strengths far exceeding that of
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the control composites and to subsequently
failure93
consume significantly more energy at
morphology and structure,
to an increase in
It is interesting to note that, due to complex changes in
the modification of nylon with a brittle polymer (PMMA) leads
composite ductility.
5.6 Scope and Limitations
The SC C02 - assisted fabrication process and the resulting morphological and
mechamcal charactenst.es of our mode, system have been studied m detail in the
preceding sections of this chapter. At this point wc will attempt to address the appl.cab.c
scope and natural limitations of this techmque to a w.de variety of polymeric fibers with
varying crystallmity and chemical nature. The fibers included in this study are
Polypropylene (PP), Polyethylene Terephthalate (PET), and High Density Polyethylene
(HDPE). The PP and HDPE fibers were acquired as bi-directional fabrics while the PET
is a unidirectional fabric. The physical properties of these fibers are presented in Table 5-
Table 5-4 Physical properties for four organic fibers used in this
study.
Fiber Icrystallinity 1 Tm I Fiber
1 (%) 1 (°C)
I Diameter (urn)
Nylon 6,6 44 258 28
HDPE 80 147 35
PP 50 164 28
PET 39 255 41
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5.6.1 Annealing Effects
As for .he model sys,em
, i. „ first necessary tQ eva]uate^ effects ^^^^
eleva.ed
.empera.ures on .he crysta,hn,.y of .he polymer fibers. All ,hree fibers were
soaked i„ SC CD2 a, 10.3MPa (ISOOpsi) and 1 ,0»C for ,0b. The resul, of ,b,s study are
given graphically in figure 5-20 and in tabular form in Table 5-5.
,
HDPE3 1 1 1
1 , -
,
J
100 '2D 140 160 180 200
Temperature (°C)
Figure 5-20 DSC curves for PP, PET, and HDPE fibers before and
after treatment in SC C02 at 10.3MPa and 1 10°C.
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Table 5-5 Quantitative data illustrating the effect, nf f,h„ . t
in SC C02 at 10.3MPa and 1 10°C. 61 treatment
The results of this annealing experiment show a strong dependence on the fibers
melting temperature. PET, with a melting temperature of 255°C, shows a small shift in
the relative sizes of the two peaks, but this does not manifest itself in a measureable
increase in crystallmity. PP, with a melting temperature of 164°C, shows a very small
amount of annealing. HDPE, with a melting temperature of 147°C, shows a significant
change in crystallmity as well as changes in the very nature of the crystallite distribution.
These annealing effects tend to complicate the kind of quantitative analyses undertaken
with the model system of Nylon 6,6 and PMMA, which did not exhibit annealing effects
in C02
.
For purposes of this study, however, the composite systems fabricated from
these fibers will not be studied to the same extent as the model system, instead it will be
sufficient to monitor the extent to which these fibers mimic the model system in general.
The composites in this study were fabricated in exactly the same way as the model
Nylon 6,6 composites. The reader may refer to the experimental section of this chapter to
refresh themselves on the details of the technique.
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5.6.2 Morphology and Properties
The m0s, striking observat.on after havtng fabricated composi.es from all three
ftbers is ,he general.y poor extent of modificat.on poss.ble as compared to the Ny,o„ 6,6
model system. Tbe PP/ PMMA (Ftgure 5-2.) composite exhibited a 7% increase in
fiber diameter when fabricated in <an unconstrained manner (Table 5-6).
5
t^TngVU fib6r dmmeter f0r comPosites fabneated withe,ther MMA or Styrene. Composites were fabneated without a
constraining force.
Fiber
Sample
Change, in fiber
diameter - MMA (%)
Change, in fiber
diameter - Styrene (%)PP
7 N/A
PET <1 5
Nylon 6,6 > 300 >300
HDPE 40 47
Figure 5-21 Optical micrographs (20X) of cross-sections of PP/
PMMA composites.
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PET compost were fabneated with both MMA and styrene as the nta.nx matena, As
seen in Tabie 5-6, the PET/ PMMA cotnposhe exhibited a ,ess ,han
,% .nctease ,n Bber
diameter while the PET/ PS CFionrp s m „5 (^lgure 5 "22
> composite showed a 5% increase.
Figure 5-22 Optical micrograph (20X) of PET/ PS composite
fabricated with and without C02 .
Of the three fibers in this study, the HDPE fiber exhibited the largest increase in fiber
diameter, showing a 40% increase in fiber diameter for the HDPE/ PMMA composite and
a 47% increase for the HDPE/ PS composite. The HDPE/ PS composite fibers showed
significant signs of distortion (Figure 5-23), similar to some of the Nylon 6,6 composites.
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Figure 5-23 Optical micrograph of HDPE/ PS
Although the HDPE value is higher than the PP and PET
composite (20X).
composites, none of these
composites showed the kind of affinity for modification that the Nylon 6,6 composites
did.
Direct evidence of fiber modification was gamed by TEM analysis of the PP/ PS
composite. The PP/PS composite was stained with Ru04 in order create contrast between
the PS and the PP in the TEM images. The TEM images in figures 5-24 and 5-25
indicate that a continuous PS phase does exist in the fiber. There appears to be a bimodal
distribution of PS rich regions, a larger domain size of 200nm and a smaller domain
of approximately 50nm. Although the smaller domains tend to have a generally preferred
direction of orientation, the large domain structures tend to be random in their
arrangement. These PP fibers are known to contain a small amount of HDPE (10-13
%wt). It is possible that the deposition and polymerization of styrene in this system may
have a preference for one phase over the other, however this is speculation, and further
studies would be necessary to determine that.
size
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Figure 5-24 TEM micrograph (xl2k)of a perpendicular cross
section of a PP/PS composite. PS phase is stained black with Ru04 .
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Figure 5-25 TEM micrograph (x25k) of a perpendicular cross
sect,on of a PP/PS composite. PS phase is stained black wTth Ru04 .
Although these composites did not lend themselves to the gross levels of mod.fication
available to the Nylon 6,6 system, they nonetheless showed similar increases in
mechanical performance at the lower levels of modification. The PET/ PMMA
composite for instance, with only 1% increase in fiber diameter, showed a large increase
in both ultimate strength and ductility (Figure 5-26) much the same way as the Nylon 6,6/
PMMA composite.
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Figure 5-26 Stress vs. strain curve for PET/ PMMA composites
(-C0241;--CC41)
Thus is not surprising considering the fact that the Nylon 6,6/ PMMA composes tested
earlier in this chapter were intent.onally restricted to 1 or 2% increase m fiber diameter so
as to insure that the PMMA is a minor reinforcing phase and does not overwhelm the
properties of the fiber.
om
In an attempt to understand the disparity between the extents of modification fr
one fiber to the next, some equilibrium uptake experiments have been undertaken in order
to ascertain the interaction of each fiber with the various components involved in the
polymerization.
5.6.3 Equilibrium Interactions
The SC C02-assisted fiber modification described earlier in this chapter is
governed by a very complex inteiplay of thermodynamic equilibria and kinetic rate
constants. The first crucial step involves the partitioning of C02 into the polymer. After
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the C02 deposition, the reactive monomer and initi<,.„mutator mnst partition themselves into the
Pdyrner. This ,n,„a, partitioning oecurs dunng the soak phase of the process, before
,
polymerization has begun. Early work by Watkms showed that the partitioning of CO
reactive monomer and initiator occur under conditions of eauibbrium. Because the rate
of polymenzation within the Hber will depend upon the concentration of monomer and
initiator (equation 1), this partitioning can have a profound effect on the rate of
polymerization within the fiber.
any
RP = kp [M](
fk^T
U2
(i)
In order to assess the differences in equilibrium partitioning between the various polymer
fibers involved in this study it is necessary to run a equil.bnum uptake experiments.
Fibers themselves, however, are not well suited to these equilibrium uptake experiments.
These expenments involve soaking the polymer in either pure C0 2 or a solution of C02
and monomer or initiator. After some period of time sufficient to reach equilibrium, the
sample is quickly removed from the C02 , placed on a balance and the weight is
monitored as a function of time. Fibers, by virtue of their small diameters and very large
surface area to mass ratios, are ill suited for this experiment because the time for C02 to
diffuse out is too short. Therefore, the majority of dissolved material will have diffused
out before accurate weight measurements can be made. In addition, any monomer or
solvent that exists on the surface will incorporate error in the measurement. With such a
high quantity of surface area this makes the fiber measurements extremely error-prone.
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assumes
In order to overcome this obstacle, po.ymer film analogs were used tor the uptake
experiments. Analogs were tested for the PP, PET, and Nylon samples. These films
possessed percent crystalltmt.es within 5% of tha, exhibited by the fibers, however the
morphology of the crystal structures are very different. This approach therefore
that the chemtcal nature of the material dtctates the equilibrium uptake and no, the
morphological characterises. To the extent to which this assumption is true this data
gives us some idea of how each of the polymers interacts with the different components
during the fabrication process. These experiments were carried out in small single-
specimen reaction vessels as described by Watkins 1
.
For C02 uptake experiments samples of PP film (0.53mm thick), PET film
(0.
1
mm thick), and Nylon 6,6 film (0. 1mm thtck.dricd) were placed ins.de of a small
high-pressure vessel at 65°C and 1500psi of C02 for 4h. The films were then quickly
removed and placed on a placed on a balance where they were weighed as a function of
time (Figure 5-27). The time from removal to weighing must be monitored exactly and
averaged 50 sec for these tests. By assuming a Fickian diffusion for the early stages of
C02 removal, one can calculate the mass uptake of C02 at the point the film was taken
out of the vessel (t = 0) by a linear extrapolation to time zero.
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Figure 5-27 C02 desorption experiments for PP, PET, and Nylon
6,6 films.
The data in Table 5-7 gi ves equilibrium uptake data for C02 in the various films.
This data suggests no obvious differences in the equilibrium uptake of C02 in the three
films. It is important to ment.on at this point that the equilibrium partitioning ofC02 and
reactants is only the first step of the SC C02-ass.sted polymer modification. The second
stage occurs during the polymerization phase at an elevated temperature.
Table 5-7 C02 uptake experiments for the three film analogs. No
obvious differences are apparent.
Film Original Mass at Equil. C0 2
Sample Mass (mg) t = 0 (mg) Uptake (%)
PP 102.8 107.6 4.7
PET 33.96 35.7 5.1
Nylon 6,6 29.58 30.79 4.1
Once the reaction begins to take place within the polymer substrate, monomer wi
be depleted by its transformation into polymer. This drop in monomer concentration
within the substrate will drive a re-partitioning of monomer from the C02-phase into the
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polymer substrate in order to regain equilibrium. It
allows for levels of polymer modification well
is in fact this re-partitioning that
exceeding the equilibrium monomer
uptake2
.
This re-partitioning is a kinetic event, one that is governed by the diffusion nrate
mer
of monomer into the polymer substrate. Watktns showed tha, for a C02 swollen poly
this diffusion rate is sufficiently large to allow for a reaetton rate limited polymerization
In order to ascertain the effects of re-partitioning on polymer substrate modification, the
film analogs were subjected to polymerization conditions in the same small single-
specimen reaction vessels used for the equilibrium uptake expenments. Samples were
placed in the reaction vessel with a 5-fold excess (by wt.) of reactive monomer with
initiator. The conditions for polymerization were then the same as for composite
fabrication, 4h at 65°C and 6h at 1 10°C.
Table 5-8 Reaction uptake results for the three film analogs
polymerized with both MMA and Styrene.
Film Rxn. Uptake IRxn. Uptake
Sample of MMA (%) |of styrene (%)
PP 36 N/A
PET 100 89
Nylon 6,6 40 N/A
We see from Table 5-8 that the mass uptake for the PP and PET samples are much higher
than what we might expect from the composite data. Also, from this data we would
expect that the PET should modify to a much greater extent than the Nylon 6,6.
The results presented in both Table 1-7 and 1-8 seem to stand in contrast to the
results from fiber modification experiments in Table 1-6. No appreciable difference in
C0 2 uptake is apparent in Table 7 and all polymers seem to take up large quantities of
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monger dunng polymenza,,on
,„ Table ,-8. These resul«s do no, therefore ,c„d to
explain the relafive.y poor modtfication of PP and PET vs. Nylon 6,6 In Table 1-6. This
therefore suggests that an analysts of equilibrium themrodynam.es may no, be sufficient
•o fully explain this system, and that further expenmentation will be necessary in this
area. Notwtthstandmg our inability to fully explam the d.fferenees between fibers in this
process, it has been shown that this process is generally applicable to a w,de range of
organic fibers.
Future work in this area should include the incorporation of a wider variety of
monomers and a senous study of kinetic parameters in this process. The kinetics of
monomer diffusion and polymerization (both inside and outside the fiber) play an
important role in this process and a better understanding of these parameters may shed
further light on the differences between fibers.
5.7 Conclusions
It is shown that a new class of fiber reinforced composite materials can be
fabricated in which the matrix not only wets fiber surfaces, but also penetrates into the
amorphous regions of the fibers themselves. This deposition of matrix material inside the
fiber is shown to be templated to some degree by the long-range crystal structure of the
fiber, and this deposition occurs without significant detriment to fiber crystallinity or
crystalline orientation. This templating effect leads to a composite with ultra-long range
order from nano-scale reinforcement of crystals to macro-scale fiber orientation in the
composite lay-up. A detailed analysis of the mechanical behavior of these composites
has shown that moderate fiber modifications lead to composites with improved flexural
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These eompos, tes a,so exhibit significant lmprovemems „^ ^^
transfer without the use of fiber sizing age„ ts for fiber/matnx conization.
The scope and
.imitations ofm techmque have^ been^ ^
has shown to be apphcable to a w,de range of efferent polyene fibers, ahhough some
fibers exhib,, a greater affinity for modification than others. Ev.dence has been prov.ded
ind,ca„ng ma. there ,s very little d.fference in the equilibrium interaction of various
polymer fibers with CO, and reactive monomer/initiator during polymerization. This
then suggests differences between polymer fibers must come about due to other factors,
such as the kinetics of re-partitioning and polymerization both inside and outside the
fibers. Further studies will be necessary to identify these differences.
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CHAPTER 6
nano-silicate composites with „,g„ S1L1CATE content
6.1 Introduction
Chapter 3 of this thes.s describes the use of SC C02 as a processing aid ,n the
solvent we.dmg of onented LLDPE filmS
.
In this work only the plasticizing effects of SC
C02 are exploited in order to increase free volume and, ultimately, polymer chain
mobility of LLDPE in its solid state. Chapter 5 then d.scusses the use of SC C02 as
primarily a reaction medium, taking advantage of the ability of SC C02 to deposit
reactive monomer and initiator inside a bulk polymer substrate, in this case a fiber. The
work described in the present chapter will draw on elements of both propert.es in order to
synthesize silicate nanocomposites that have silicate concentrations far beyond that which
can be readily attained using standard techniques.
A great deal of attention has been focused on developing and characterizing
materials that incorporate nanosilicate reinforcements. To this end, significant strides
have been made to incorporate these types of reinforcement into a variety of polymeric
t
•
,
34
-
3*. 94
- 95. %. 97. 98, 99, 100, [01, 102, 103
mdiei iais
- Interest in these materials stems from the fact
that, in many cases, interesting physical and mechanical properties have been reported,
including enhanced stiffness and thermal stability. Consequently, there has been a great
deal of discussion regarding the unique physical state of the polymer at the silicate-
polymer interface and its associated effect on the mechanical properties of the
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compos.ee
.
However, there are a,so other aspects related t0 the toughness
tha, anse from the umoue combmatton of both nanosihcate size together with its hi „hly
an,so tropie shape (i.e., h,gh aspee, ratio), tha, warrant further investigation.
The silicates of .merest exist as layered stacks of platelets approx ,mme ,y^
nanometer thick and have aspect rat.os of ,00:,. ln genera,, two ,dca,i Zed mo,pho,og,es
can be developed using the nanosihcate fillers: intercalated and exfoliated. To date, the
majority of Interest has focused on the exfoliated morphology. An exfoliated structure
arises from complete dclaminafion of ind.v.dual platelets to form a homogenous
dtspersion of randomly distributed silicate within the polymer matrix. The delamination
of a small volume of nanosiheate (typically less than 5 %) is usually all tha, is needed to
reafize significant changes in the material stiffness and fracture toughness. The stiffness
is always shown to increase with this morphology but the toughness Is shown to dimin.sh
in many glassy systems when tested below thetr glass transition (T
8 ).
Exfoliated clay nanocomposltes can be synthesized through a number of different
routes including in-sim poIymerization,34, 35 me i t intercalation^, and silicate
crystallization from polymer-silicate gel precursors.95, 105 Nevertheless, many systems
do not achieve a fully exfoliated structure and also contain a partially delaminated
intercalated phase.
The intercalated morphology consists of well-ordered alternating layers of
polymer and silicate. The d-spacing of these hybrids is easily recognized using wide
angle x-ray diffraction (WAXD) with typically a few nanometers separating individual
platelets in a lamellar-like stacked morphology. Morphologically, intercalated
nanocomposites are capable of property enhancements unavailable to the exfoliated
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systems. The combmation of the spatial configuration produced in the intercalated phase
the modulus mtsmatch between the polymer and sthcate, and the h.gh aspect ratto of the
silicates, produce high stress concentrations a, the silicate edges that mechanically
mteract with other s.licates within their certatn proximity. The nature of the interactions
(i.e., whether stress amplification or shielding) are intimately related to the specific
configurational arrangement of silicates. Enabling the individual silicates to interact
allows for cooperative mechanisms of energy dissipation to occur in the polymer over
much larger length scales relative to the individual silicates, thereby allowing for the
possibtlity of enhanced fracture toughness.106 In tnis regard> (he conflgurationa|
spacing of the exfoliated material is too large for cooperative mechanisms of energy
dissipation to be activated and the ability for the filler to toughen the polymer is not
effective.
Unfortunately, it is difficult to directly evaluate the properties and study the
mechanical and physical behavior of the intercalated phase due to the high concentration
of polymer present. At low silicate concentrations (< 15 wt. %) the intercalated
morphology is characterized microscopically as multiphase, and it is difficult to
deconvolute the effects that each phase plays in governing the mechanical and physical
behavior of the composite. This is primarily due to the difficulty in synthesizing or
processing materials with high silicate concentrations.
Incorporation of high concentrations of nanometer-scale silicates into a
composite is problematic due to both the size and aspect ratio of the silicates.
Hydrodynamic analysis of fluids containing rigid particles with high aspect ratios show
that the viscosity of the medium is greatly increased in a commensurate fashion as the
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elastic modu.us of the g,ass ,s altered by the ngld^^^^
of a so„d, iquid mixtUre is affected by
,he ,meraction surface ^ ^^
ccnponents. Nanosca,e fdlers have, by v.rtue of thelr sma„ ^^
areas. Montmordlomte, for example, possesses 700 m^/g „f accessjble surface^
Composites of low silicate concentration can be synthesized using solution
polymenzafon, where solvent extraction is s.,11 possible. However, such an approach
fails a, h,gh silicate concentrations. A. concentrations above 20 wt, % mod,f,ed silicate,
the v1Scos,,y of a monomer-silicate mixture becomes such that homogeneous d.spersion
is arduous and defect formation is common.
In this work, a synthetic route is presented to produce polymer-based nanosilicate
composites that have high silicate concentrations and are highly ordered. The challenges
of high viscosity apparent at silicate concentrations above 20 wt. % are overcome by
using SC C02 simultaneously as a reaction medium and diluent. Homogeneous
dispersion of monomer, initiation, and subsequent polymerization all occur in the
presence of SC C02 in this system. As always, depressunzation upon completion of the
polymerization results m reversible extraction of the C02 gas. By exploiting the abilities
of the reaction chamber outlined in chapter 2, this technique can also be used to
synthesize nematic architectures where the platelets exhibit preferential order. Such
ordered intercalated nanocomposites, containing upwards of 40 wt. % modified silicate,
exhibit true composite mechanical properties dominated by the inorganic clays.
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6.2 Experimental
In order to corporate monomer into the gallery spacing, the aluminosilicates
must be mooted to yield an increased d-spacing and to prov.de an organophilic surface
for the monomer. The modified clays used in this study are montmorillonite-based
silicates obtained from Southern Clay Products. The following discussion focuses on
three specific organically modified layered silicates (OMLS), each with a different initial
d-spacing (Table 6-1). Cloisite 15A and 20A are each modified with a
dialkyldimethylammonium salt from hydrogenated tallow. The difference in d-spacing is
due to the difference in the surface charge density of the base silicate. C15A has a larger
charge density and therefore results in a more tightly packed surfactant layer upon
modification (Figure 6-1).
Table 6-1 Montmorillonite clays - Physical data
d-Spacing Surface Surface Charge
Clay (A) modification* (meg/lOOg)
Na-mont. 10.7
C15A 30.6 2M2HT
C20A 24.2 2M2HT
C2
-*>A 18.6 2MHTC8
N/A
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HT = hydrogenated tallow (65% C18, 30% CI 6, 5% C14)
2M = dimethyl, C8 = 2-ethy i-hexy 1
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Figure 6-1 TGA of cloisite clay's ind.cating different levels of
organic modification.
Cloisite 25A is modified with an asymmetric dialkyldimethylammonto surfactant, and
exh,b,ts a smaller initial d-spacing than either C15A or C20A. The matnx polymer for
the synthesized nanocomposites is poly(methyl methacrylate), PMMA, radically
polymerized in SC C02 . In order to synthesize high molecular-weight polymer
efficiently, the methyl methacrylate (MMA) monomer is distilled to remove inhibitors.
The radical initiator used is tertiary-butyl-peroxybenzoate (TBPB). The half-life of the
initiator is effectively infinite at 65 °C. Both monomer and initiator are obtained from
Sigma-Aldrich.
The composites are characterized in terms of their nanoscale morphology using a
combination of transmission-electron microscopy (TEM) and small-angle X-ray
scattering (SAXS). TEM images were obtained on a JEOL 100CX instrument at lOOkV
accelerating voltage. SAXS patterns were obtained on a Rigaku RU-200 rotating anode
diffractometer with Fuji AS-Va image plates.
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In addition to the morpho.og.al characterizaUon, the sampies are studied for the
effect of the high Cay concentrations on thermal and mechanical propert.es. The thermal
properties of the cured resins are in vestlgated using both differential scanning calorimetry
(DSC) and dynamic mechanical thermal analysis (DMTA). The scanning rate was 10
°C/min for DSC and 5 °C/min for DMTA at 1 Hz while imposing a 0.05% dynamic
strain. Thermal degradation measurements were made employing thermogravimetric
analysis (TGA) on a TA 2050 at a heating rate of 40 °C/min from room temperature to
800 "a Samples are run under a nitrogen purge, although no significant differences are
apparent in char yield and degradation rate when degradation occurs in air. Mechanical
measurements of modulus are obtained from the DMTA as well as in tension according to
ASTM D638. Tensile samples are loaded at a strain rate of 0.15 s"\ using extensometers
for strain measurements. Molecular-weight measurements of the polymer are earned out
in THF. The composites are dissolved under moderate sonication to free intercalated
polymer. A PMMA synthesized under identical conditions in SC C02 without silicate is
used as a control. All of the PMMA synthesized is of high molecular weight (> 200,000
g/mol).
6.3 Fabrication Schemes
Four different fabrication schemes are evaluated in this process to determine the
best route to high clay content nanocomposites. For this purpose the basic fabrication
facility is expanded, as described in section 2.5 of chapter 2, to accommodate more
complex processing conditions (Figure 6-2).
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Figure 6-2 Schematic diagram of expanded facility design as
described in chapter 2.
The common goal of each reaction scheme is to create a homogeneons
monomer/clay mixture while using a minimum amount of monomer. Each scheme
outlined in Table 6-2 attempts to achieve this goal in a slightly different manner. Each
scheme is addressed in some detail before
properties.
moving on to discussions of specific composite
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Table 6-2 Diagram of the four different reartinn » u
in the fabricafon of ,nterca,ated£££££££ emP'°yed
Reaction Reaction
Scheme Summary
Standard reaction
Pre-mix known
amounts of
monomer and clay
Soak Conditions
10 klbf normal force, 2
hrs, 65°C, closed vessel.
1500 psi C02
Polymerization
Post-polymerization
Conditions depressurization
6 hrs, 110°C
closed vessel
1500 psi C02
Depressurize over 15 hrs at
H0°C from 1500 psi to
atmosphere
Post-
polymerization
B consolidation
(C02 is forced out
of the vessel)
10 klbf normal force, 2
hrs, 65°C, closed vessel,
1500 psi C02
6 hrs, 1 10°C
closed vessel
1500 psi C02
Depressurize over 6 hrs at
1 10°C to atmosphere while
maintaining a constant
normal force
Clay is pressed to 30 klbf
Reaction-injection then presoaked for 2 hrs,
molding reaction 65°C at 1400 psi C02 .
Monomer is then washed
into the reaction vessel
via a flow gradient from
1500 psi to 1200 psi for 3
hrs.
(RIM)
-see
diagram for
reaction vessel
configuration
6 hrs, 1 10°C
closed vessel
1500 psi C02
Depressurize over 15 hrs at
110°C from 1500 psi to
atmosphere
D
Pre-
polymerization
C02 "dry-
cleaning" (see
diagram for
vessel
configuration)
Excess monomer in
known amount of clay.
Monomer is then
removed from the
reaction vessel through a
C02 flow gradient from
1500 psi to 1200 psi.
6 hrs, 110°C
open to reserve
1500 psi C02
Depressurize over 15 hrs at
110°Cfrom 1500 psi to
atmosphere
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6.3.1 Scheme A- Standard Reaction
In the Standard Reaction the silicate nanocomposites are synthes.zed by add,,,
a known amount of OMLS, MMA monomer and initiator into the reaction vesse, (Note
that m1X1ng is not required). The total mass of OMLS and MMA was always
approximately 100g while the amount of each was vaned to control the final wt% of
silicate in the composite. The vessel is then closed and placed in the press with
approx.mately 5 MPa of compressive norma, pressure acting on the top of the chamber.
The mold is pressurized through valve 2 (figure 6-2) to between 10 MPa and 14 MPa
with C02 at room temperature and the valve is then closed. The chamber is then allowed
to equilibrate at 65 °C for four hours at wh.ch point the temperature is increased to 1 10 °C
for an additional six hours. The initial 65 °C stage is termed the soak stage while
polymerization occurs at 1 10 °C. After reaction, the temperature is allowed to drop and
valve 2 reopened, returning the system to dynamic pressure control from the pressure
regulator (ER 3000). The pressure is then dropped slowly to ambient conditions over a
15-hour period.
In this process, homogeneous mixing of clay and monomer is assumed to occur
during the soak period with C02 carrying monomer throughout the entire mold. The
structure of these composites are strongly lamellar within the intercalated regions.
However, with no configurational orientation between intercalated regions the materials
are isotropic overall. This can be seen in the SAXS pattern in figure 6-3, where the bright
rings indicate lamellar spacings and the symmetric scattering indicates a lack of overall
orientation in the system. The details of this morphology will be discussed in a
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subsequent section. Most of the composites that are discussed
chapter are synthesized in this basic manner.
in the latter part of this
Figure 6-3 Intercalated clay/PMMA nanocomposites exhibit a
strongly lamellar structure as represented in this X-ray scattering
image of a 40 wt. % clay/PMMA sample.
6.3.2 Scheme B- Post Polymerization Consolidation
Scheme B attempts to minimize the quantity of trapped residual C02 in the final
composite while simultaneously imparting nematic orientation to the sample. In this
process, the presoak and polymerization occur in the same manner as in the Standard
Reaction. In the Standard Reaction the C02 would usually be slowly removed after
polymerization, thereby decreasing the volume of the composite. This drop in volume of
the composite causes the applied compressive force on the sample to decrease. In the
Post Polymerization Consolidation scheme, the compressive force is slowly increased to
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compensate for the deereased CO, volume m the vessel, thereby keep,„g the CO,
pressure constant. In this process, the compose is squeezed tighter and Ughter which
helps to limit lhe amount of residua, C0
: present m the sample, though no, compiete.y
removing
,,. The more important effect of this treatment is that ,, leads to a signified
level of nemattc orientation in the plane of the compete (perpendtcular to the applied
load). The constrained volume in this system precludes a large amount of flow in the
composite. Therefore, the amount of orientation attainable by this method is limited.
Nonetheless, Hermans' orientation values of 0.55 have been produced using this
technique (Figure 6-4).
100
~1
50 -00 250 KM)
JC(°)
Figure 6-4 Orientation induced in sample containing 50 wt. %
OMLS polymerized according to reaction scheme B (J'„ = 0.55)
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6.3.3 Schemes C & D
Schemes C ft D were developed ,„ an attempt t0 further „m„ the amoun , of
monomer necessary to ach.eve a comp,e te, y homogeneous clay/polymer composite.
These techniques a,so allow for some added flexibility ,„ the timing and science of the
fabrication process.
Scheme C, the Reaction-Injection Molding technique, takes advantage of a
monomer reserve, that is included in parallel with one of the inlet lines between valves 3
and 5. In this technique, only the OMLS powder is added to the vessel before the vesse.
is sealed and clamped in the press. The clay is then saturated with C02 at 65°C and
10.3MPa (1500 psi) and allowed to equilibrate for two hours under a compressive load.
In this initial penod the clay is pre-consolidated to some degree to help impart orientation
to the final composite. Monomer is then introduced into the mold by opening the
monomer reservoir up to the main inlet line and opening the back pressure regulator on
the outlet line to allow for flow through the mold. This flow is facilitated by a pressure
gradient from the upstream pump (10.3MPa) to the downstream back pressure regulator
(9MPa). The monomer that travels out of the vessel through the back pressure regulator
is ultimately captured in a solvent trap at the end of the line. Because the volume of the
mold is already limited, it is assumed that monomer entering the mold will fill all
available space, and then any excess monomer will simply be expelled. Once this
maximum concentration of monomer is achieved, polymerization proceeds as per scheme
A. Unfortunately, this technique generally produces composites with a poor
clay/polymer distribution (Figure 6-5).
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400
Temperature (°C)
F gure 6-5 Spatial distnbution of PMMA in sample made according
to reaction scheme C. With increasing distance away from MMA
inlet, the amount of PMMA, as represented by increasing inorganic
clay concentration, decreases.
The limitations of this technique are a direct result of the initially confined
volume within the mold. This initially confined volume, which is designed to limit the
inclusion of excess monomer is, in fact, too confining and does not allow for the increase
in volume needed to produce an intercalated composite from OMLS. OMLS are seen to
increase their d-spacings by up to 75% after intercalation (from 24 A to 42 A in the case
of C20A)
.
Therefore, in order to accommodate for this increase, the mold volume would
have to be adjusted in a quantitative way to exactly accommodate the proper volume.
Too much volume and excess monomer will be incorporated. This level of volumetric
control is not possible in the current system and should be considered in any future
designs.
Scheme D, the Pre-Polymerization C02 "Dry Cleaning" technique, attempts to
approach the problem from the opposite direction. Instead of limiting the amount of
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monomer lnto the vessel
,
as h the last sectlon> this scheme incorporates a^ excess of
The C02 is then deduced and the system is allowed to soak at 65°C and lO.SMPa
(ISOOpsi) for two hours. After this soak period, the back pressure regulator is opened and
a pressure gradient is introduced between the upstream pump (10.3MPa) and the
downstream back pressure regulator (9MPa). During this How monomer is slowly
removed from the mold until only a minimum quantity of monomer is left.
Polymerization then proceeds as outlined in scheme A. This technique is limited by the
ability to accurately measure the quant.ty of monomer removed from the vessel. In these
experiments, the solvent trap proved to be effective at qualitat.vely measuring the
monomer flow, but fell short of allowing for an accurate quantitative measure. Th.s
inaccuracy lead to problems with over-drying the clay. An IR or UV-V.s detector on the
line would allow for the quantitative measure needed. However, these modifications were
not undertaken with this system. There are several aspects of this technique that are
promising for the easy fabrication of a clay/polymer composites. Because of the large
excess of monomer in this process, this scheme presents the possibility of wetting the
surfaces of the clays very quickly and easily. In addition, the excess fluid could allow
for easier flow of the platelets, allowing for more pronounced orientation during a
consolidation phase.
As discussed above, several fabrication schemes were evaluated to determine the
most satisfactory technique for nanocomposite formation. The results of this study
indicate that schemes A and B are the most practical, giving the most reproducible,
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homogeneous materia* w„ h the least effo,^ „^ ^
mechanical stud.es arc earned ou, on coxites fabricated by either scheme AorB
6.4 Morphology
Nanocomposi.es potentially gamer their material improvements from
interactions on the moieouiar sca.e, influencing physical and material parameters a, scales
inaccessible by traditional tiller materials. However, from length-scale arguments i, is
also known that toughening occurs over a specific si Ze range and effective toughening
may not be energetically favorable at nano-.ength sca.es. This generally necessitates a
particulate size greater than 0.1m if a cavitat.on or particle debonding type of
mechanism is to be realized.
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This arises from the fact that, in this case, particles are too
far apart to interact effectively and the energy associated with cavitation or debonding is a
function of the strain energy in the particle (wh.ch, in turn, is a function of the part.cle
volume) while the energy barrier for this process is associated with the surface area of the
particle or the cavitated region. Thus, below a critical size, the available energy for this
process cannot overcome the associated barrier and no mechanisms of energy dissipation
become operative in the material. Similar scale limitations exist for other mechanisms as
well. For example, the nanoparticles are generally too small to provide toughening
through a crack-bridging mechanism and they cannot effectively enhance crack trajectory
tortuosity. Therefore, the extremely reduced scale of a fully exfoliated nanocomposite
does not lend itself to applications where energy is absorbed, as is the case for materials
below their TD .
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n contrast, the ,mercalated moipho
,ogy a||Qws po|ymei ^^
spates but d0es no, fu„y debate them int0 the comp|ete|y^^
s.hcate a„d po,ymer) they can .nterac, with other s.hcates within their^ ^
nature of this ,„terac t,on can be elther stress shrehhng or action and „ intimateIy
associated with the re.at.ve configuration, positions of the s,„ca tcs (smec„c or ncmat,c)
whi,e the strength of the
.nteraction is associated with the tip-to-tip distance between
s.hcates. However, hefore these intentions can he investigated systematica,*, ntateriais
containing higher concentrations of the
.ntercalated structure must be fabneated with
controlled spacings between nanosilicates.
Intercalated nanocompos,tes of constant clay concentration (20 wt. % OMLS) are
synthesized using silicates of differing surface modification in order to determine the
effect of the modifier in dictating the maximum clay concentration and degree of
intercalation. SAXS was conducted on each composite and the results are shown in
Figure 6-6. The d-spacing of the nanocomposites based on the C15A and C20A, which
vary in initial gallery spacing due to the difference in clay charge density, are equal
because each is modified by the same alkylammonium surfactant.
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0.1 0.2 0.3 0.4
q(A)
Figure 6-6 Intercalated days in PMMA matrix. Samples all contain
approximately 20 wt. % OMLS.
The length of the surfactant, no. the clay charge density, d.c.ates the final intercalated
separafion here. The third composite (based on C25A) results in a small intercalated d-
spacing due to its shorter surfactant length. At these low clay concentrations (-20 wt. %)
the rmcroscale morphology is heterogeneous with distinct regions rich in clay surrounded
by a polymer-rich matrix.
It is interesting to note that at low clay concentrations the d-spacing of the
intercalated nanocomposite is constant, regardless of the amount of polymer introduced.
This results in a maximum intercalated separation and is a consequence of the
thermodynamics of intercalation. Intercalation is an enthalpically driven process which is
limited by the entropic penalty for polymer confinement.'
08
The enthalpic contributions
during intercalation are sufficient to induce wetting of the intra-gallery regions of the
OMLS. Initially, the galleries between silicates are swollen and the decrease in entropy
of intercalated monomer or polymer is countered by the degrees of freedom gained
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Shanes Have reached a ma.mum extension
, (mha ^^^
energy and the maximum intercalated d-spacing is maintained regardless of
coneentratton. The d-spaclng of ,he lntercalaled
^ ^
dictated by the architecture of the silicate modifiers.
Addittonal composes were synthesized with h.gher Cay concentrations in order
to evaluate the limits of mis symhet]c method and assess ^^ ^ ^^
morphology. F,gure 6-7 shows the effect that nanosdicate concentration has on the d-
spacng between galleries. Note that below a concentration of 30 wt. % the d-spaeing
remams unchanged, bu, a, 50 wt. % the d-spacing decreases and the scattering peak is
broader and not as well defined. Thts suggests that 50 wt. % may be above a critical
concentration where the composite is starved for polymer.
q(A')
Figure 6-7 Effect of increased clay concentration on lamellar
ordering and d-spacing of intercalated nanocomposite.
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In order to assess whether the 50 wt. % composite is above a critical
concentrator., an estimate of the critical concentrate is necessary. Cons.der a polvmer-
elay ratio,/, that results in a saturation of the modified clay surface upon blendmg. Th,s
concentration can be estimated by taking the product of the polymer density, Pp , surface
area of the silicate,W in m 2/g, and the polymer contribution to the compostte gallery
spacing. This latter property is estimated as the difference between the gallery height of
the tntercalated nanocomposite, d.
,
and the initial d-spacing of the OMLS,<W This is
shown in equation 1 below.
f
m
>'
* ~
~Z ~ PP ' ~ dOMLs)- S0MLS (1)rnOMLS
In equation 1, a number of assumptions are made. First, the increase in the gallery
height upon composite formation is attributed solely to incorporation of polymer between
silicate stacks. Mixing of polymer with the surfactant chains occurs with no significant
change in the total free volume. Second, the density of the polymer within the gallery
assumed to equal the bulk density of the polymer.
Equation 1 predicts that the maximum ratio for the case of the C20A-PMMA
nanocomposite (pp=l.2 g/cm
3
,
SOMls=100 m
2
/g, change in d-spacing = 18 A) is
approximately 1.45: 1, or 40 wt. % OMLS. Below 40 wt. % OMLS, the d-spacing does
not change with the amount of clay in the composite (Figure 6-7). This is in keeping with
what is shown for intercalated systems. Above 40 wt. % OMLS, however, the d-spacing
is decreased as there is not enough polymer available to further swell the clay. Rather
than form a two-phase material containing regions of both fully intercalated and
is
109, 110
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comp,e,e,y unswollen Cay, the polymer ,s distributed even ly throughoul
, resultmg ,„ .
smaller average intercalated d-spacing. There is no ev.dence of a peak a, 24.2 A (, =
0.26 A 1 ) corresponding to the unswollen C20A Cay. Th,s result indicates that the SC
CO, method does provtde homogeneous disperse of the monomer throughout the
volume prior to polymerization.
Equation
1 can also be used to estimate the response of an intercalated
nanocomposite containing a day concentrate greater than the above estimated value.
At these higher clay concentrates the nanocomposite is starved for polymer and fully
swollen gallery spacing is not achievable. The peak corresponding to the 50 wt. % clay
sample is broader and less defined than those for the lower clay concentrations. This
indicates a broader distribution of gallery spacings within the composite. The d-spacing
has also decreased to 36.9 A (q = 0.17 A" 1 ). This value is close to that estimated by Eq. 1
(35.9 A).
In order to verify a homogenously intercalated morphology devoid of clay-rich
and polymer-rich phases, TEM images of a 40 wt. % clay sample were obtained (Figure
6-8). In order to obtain such images the matrix material was changed from PMMA,
which ablates readily in the electron microscope, to polystyrene (PS). The image is
representative of the entire sample volume, indicating a homogenously intercalated gross
morphology. Regions devoid of the intercalated structure are not observed, as is the case
for the lower silicate concentrations.
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Figure 6-8 TEM micrograph of a 40 wt. % clay nanocomposite in
PS matnx. The inset electron-diffraction pattern exhibits the
characteristic isotropic lamellar ring.
Nematically oriented nanocomposites can also be synthesized. This orientation is
achieved in one of two ways. The first takes advantage of the reaction-vessel design and
is described in section 1.4 (Scheme B). As the chamber is depressurized, the normal
force on the chamber is increased to match the drop in pressure. This consolidation
decreases the volume within the vessel and induces a moderate orientation to the resulting
nanocomposite. SAXS measurements of such a consolidated specimen demonstrate an
orientation function/= 0.55 at 50 wt. % clay following consolidation. The second
orientation method takes advantage of the melt-processibility of the clay nanocomposites,
which can be pressed into plaques. The melt-process step induces a preferential
orientation in the flow direction (Figure 6-9). These melt-processed nanocomposites
exhibit orientation functions of/=0.8 with no coherent scatter perpendicular to the
168
orientation direction. This orientation has a profound effect on mechanical performance
and will be discussed in more detail in the following section.
Figure 6-9 A SC C02-synthesized sample can be processed
following polymerization to induce orientation. This post-
polymerization processing, as with the melt processed sample above,
can induce a strongly anisotropic morphology (fH = 0.8).
6.5 Physical and Mechanical Properties
The interest in a homogeneously intercalated morphology stems from the
opportunities this system provides in terms of true polymer-ceramic hybrid properties,
including significantly enhanced mechanical properties. The mechanical performance of
the intercalated nanocomposites, as well as their thermal properties, are discussed below.
As many polymer material properties, including Tg , are influenced by the molecular
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weight of the polymer, the polymer synthes.zed herein was verified to be of h,gh
molecular weight (>200,000 g/mol).
The mtercalated nanocomposites synthesized in this study exhibit a thermal
transition near 105 °C in the DSC, correspondmg with the glass transition temperature of
PMMA (Figure 6-10). At high clay concentrations, the transifion is faint but
reproducible, owing to the low polymer content m these composites. In order to analyze
the thermal properties of the composite more carefully, dynamic tensile measurements
under a temperature ramp were conducted in a DMTA. These are compared to a control,
a commercial PMMA sample of Mw=l ,000,000 g/mol (Figure 6-11). Much of this data
was collected prior to developmg the N, post treatment for CO, extraction discussed in
chapter 5. Therefore, the samples tested in Figure 6-11 contained some residual C02 .
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Figure 6-10 Glass transition temperatures of 25 wt. % clay
nanocomposites containing both C15A and C25A clay.
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Figure 6-11 Loss tangent (tan 6) spectra of 40wt. % C20A
nanocomposites in PMMA following various post-treatments as
compared to commercial PMMA. The broad peak of the C02-made
composite illustrates the early onset of foaming prior to C02
removal.
All of the nanocomposites undergo a thermal transition (a-relaxation) at 150 °C
according to the peak in the tan 5. This transition is similar to the a-relaxation peak of
the PMMA control. This observation is significant in that it demonstrates the presence of
molecular mobility of chains in a predominately-intercalated structure. At 40 wt. % clay,
the vast majority of the polymer is confined to the inter-gallery spacing but continues to
exhibit relaxation modes of the bulk polymer. Morphological investigations of these
highly filled composites show no evidence for polymer-rich regions which would be
responsible for this behavior. A second Tg is also not observed. Although the subject of
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mobility ,n confined polymers is a controversy, one, these resn lts support prev.ous
observations made by Russel et al."'
The tensile modulus of 40 wt. % OMLS nanocomposi.es is determined from the
storage modulus of the DMTA spectra (Ftgure 6-12). Under all conditions, the
nanocomposttes exhibit a s.gnificantly higher storage modulus than the commercial
PMMA. The "C02-made" curve demonstrates the need to completely remove residual
C02 from the composites. A premature softening is observed a. approximately 90 °C.
Thts is a result of the CD2 becommg less soluble in the polymer at h.gher temperatures,
foaming the matrix. After the sample has been sufficiently evacuated, following 24 hours
vacuum oven at 75 °C, features relating to C02-plasticizat,on are eliminated.
m a
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Figure 6-12 Storage modulus of 40 wt. % clay/PMMA composites
as compared to commercial PMMA. Post-polymerization melt
processing, which induces orientation, results in a marked increase
in modulus. Removal of C02 from the sample negates the
detrimental effects of foaming.
Thus far, these materials are isotropic, but both exhibit a 50% increase in
modulus. Once the composite has been oriented through melt processing, anisotropic
mechanical properties are exhibited. This is observed in the C02-made, melt-processed
sample. The curve illustrates the effectiveness of silicate orientation in achieving
modulus enhancements. By inducing a nematic order to the silicates, a 220 % increase in
the tensile modulus is achieved for the glassy polymer. Previously, such modul us
enhancements have been demonstrated only for rubbery polymers, where silicate
orientation is achieved as the polymer is drawn. 96
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A tradit.onal tensde-.es, specimen is made by melt p,,sslng , 40 w, % c|ay
nanocompos ,te and cutting i, into a dog bone for tesbng (Table 6-3). Tbe tensde modulas
is increased significantly (400 %). Wha, is also ev.den, from ,bese results is the
bnttleness of the connpos.te as compared to commercial PMMA. The oriented sample
fads at ,ess than 0.1 % strain, whereas as the commercial PMMA extends ,o 7 %. This
behavior is consistent with ceramic properties.
Table 6-3 Traditional tensile properties
Traditional Tensile Test
Sample Modulus break strain
(GPa) (%\
Commercial PMMA 1.4 >7
40% C20A - C02
made, melt pressed < °- 1
6.6 Conclusions
Intercalated silicate nanocomposites containing modified silicates in excess of 40
wt. % have been fabricated. These composites are fabricated by employing supercritical
C02 simultaneously as a reaction medium and a diluent. This technique successfully
eliminates the problems encountered by conventional techniques arising from the high
viscosity of clay mixtures. At clay concentrations approaching 40 wt. %, the silicate
morphology is homogeneous, with virtually the entire polymer volume present within the
gallery spacing between silicates. Because the intercalated silicate structure is
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,hem0dynamiCa"y
"
mited W"h^ <° "* «on, h,gh clay concenll,110ns a,,
requ,red ,o achreve a homogeneous morphology. A s,mple model of the intercalated
structure rs used to estimate the amount of organically modtfied srlicates requited to
produce such a morphoiogy. A, day concentrations above those predicted by the mode,,
the intercalated gallery spacing collapses linearly as the system becomes starved for
polymer.
The mechanical properties of the intercalated nanocomposites demonstrate true
polymer-ceramic mechanical properties. The modulus of glassy PMMA with 40 wt. %
OMLS is increased 50 % for an isotropic composrte. Onentation through melt post-
proccssmg results in a 200 % increase in the tensile modulus, as measured in the DMTA.
The strain at break for these hybnd materials, however, is low, cons.stent with properties
dictated by the filler material.
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